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Modification and Integration of Shape Memory Alloys through 
Thermal Treatments and Dissimilar Metal Joining 
Gen Satoh 
While Shape Memory Alloys (SMAs) have been the topic of numerous studies throughout their 
history, over fifty years after the first observation of the shape memory effect, their widespread 
use is still limited by the complexity of tuning the shape memory response and furthermore the 
difficulty in incorporating the materials selectively into practical systems. Recent advancements, 
however, show the promise of SMAs for use in micro-electro-mechanical systems (MEMS) and 
medical devices where their unique properties can provide advanced functionalities. This 
dissertation investigates the use of laser-based treatments for the modification of shape memory 
properties as well as the joining of a shape memory alloy to a dissimilar metal through a novel 
process. 
 The shape memory properties of SMAs are a strong function of composition, thermal 
treatments, microstructure, ambient temperature, and stress state. These effects are often 
intertwined, further disguising their true relationships. The use of thermal annealing for the 
formation of non-equilibrium precipitates in Ti-rich NiTi thin films is investigated for control 
over martensitic microstructure, transformation temperatures, and shape memory recovery. 
Modifications to shape memory properties are investigated through the use of temperature-
dependent optical microscopy, temperature-dependent X-ray diffraction, and nano-indentation.  
As shape memory alloys are increasingly applied at smaller length scales due to advantages in 





the anisotropy of the shape memory response at the grain level becomes an important 
consideration for optimizing device performance. The formation of crystallographic texture in 
NiTi thin films through controlled melting and abnormal grain growth during solidification is 
investigated through the use of x-ray diffraction and electron backscatter diffraction 
measurements. An experimentally validated Monte-Carlo grain growth model is developed to 
predict the texture formation based on the anisotropy in the surface energy between the growing 
grains and the adjacent liquid.  
Despite their unique properties, SMAs are not expected to entirely replace more commonly used 
alloys in most conceivable applications. Rather, these materials are envisioned to be used 
selectively, where their properties are most advantageous. Joining dissimilar metals, however, is 
oftentimes made difficult by the formation of brittle intermetallics when the two base materials 
are mixed. A novel joining process, Autogenous Laser Brazing, is described for the joining of a 
shape memory alloy to a dissimilar metal. The morphology and strength of the resultant joints is 
experimentally characterized. Fundamental understanding of the joint formation mechanism is 
developed through spatially-resolved composition and phase measurements and predictive 
numerical simulations.  
The ability to form joints between materials with different geometries is crucial for the wide 
applicability of a joining process. To this end, the Autogenous Laser Brazing process is further 
developed for application to tubular structures. The laser scanning scheme is revised to provide 
uniform heating both in the circumferential and radial directions. The resultant joints are 
characterized using spatially resolved phase and material property maps and are found to be 
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The shape memory and superelastic effects are both properties of a class of alloy materials which 
undergo a reversible (thermoelastic), martensitic phase transformation between a parent phase 
and the transformed, martensitic phase with reduced crystallographic symmetry. The shape 
memory effect describes the ability of a material to “memorize” its original shape and, even after 
substantial, seemingly plastic, deformation, revert to that shape after subsequent heating. In 
contrast, the superelastic effect describes the ability of a material to undergo large deformation, 
up to ~8% strain in some cases, under loading and return to its original shape after unloading. 
Unlike simple elastic deformation, the stiffness of the material is non-linear with strain. These 
effects can be attributed to the existence of a martensitic phase transformation, and more 
specifically, to its reversibility. Alloys which exhibit these properties are called Shape Memory 
Alloys (SMA).  
1.2 History of Shape Memory Alloys 
The first observation of a reversible martensitic phase transformation was described by Ölander 
[1] in 1932 in an AuCd alloy. The reversibility of the transformation was evidenced through the 
variation in metallographic morphology as well as electrical resistivity with temperature. 
Subsequent observation of the shape memory effect in this alloy, however, was not reported until 
1951 by Chang and Read [2]. While a number of other alloys, such as InTl, CuZn, and CuAlNi, 
were shown to exhibit this same reversible transformation, the discovery of the SME in 
equiatomic NiTi, which was first reported by Buehler et al. in 1963 [3] has resulted in the 
greatest number of commercial applications to date. The commercial name now used for nearly-





discovery, the Naval Ordinance Lab where Buehler and colleagues performed their work. Initial 
applications of SMAs primarily took advantage of the shape memory effect, and due to the high 
cost of materials and their sensitivity to compositional variations and thermal treatments, were 
limited to highly specialized applications in niche markets. Recent developments in SMAs, 




Both the shape memory effect and the superelastic effect stem from the existence of a reversible, 
martensitic phase transformation. In general, martensitic transformations are described as 
diffusionless transformations where atoms move cooperatively by a shear-like mechanism. Thus, 
the atoms in the parent phase and those in the transformed martensite have a one-to-one 
correspondence. This type of transformation is used widely in the processing of steels to increase 
strength and hardness but in that case, the system lacks the ability to reverse the transformation, 
thus steels do not exhibit the shape memory or superelastic effects.  
The reversibility of the transformation is described by whether the transformation is 
thermoelastic or non-thermoelastic. Thermoelastic transformations typically have very small 
hysteresis in the transformation temperatures as the interface between the parent matrix and the 
martensite can move freely. When the temperature is increased, the martensite reverts to the 
parent phase and, crucially, returns to the parent phase in the original orientation. In non-
thermoelastic transformations, with the existence of large amounts of martensite, the parent 
phase is only formed upon heating by renucleation. This causes a change in orientation from the 





effects require the re-formation of the original parent orientation in order for the original shape 
of the sample to be recalled, we focus on those materials which undergo a thermoelastic 
martensitic transformation. 
A schematic figure showing the relationship between a typical parent phase crystal and that of 
the martensite formed during the transformation is shown in Fig. 1.  
 
Figure 1: Structure of parent phase (left) and martensite (right) for the shape memory alloy NiTi. The parent phase has a 
CsCl structure while the martensite is monoclinic. Only the atoms from one element (Ti) are shown. [4] 
Since there is no diffusion and the atomic movements are displacive, the transformation between 
the parent phase and martensite can be described by a combination of elongation, contraction, 
and shear. It is described mathematically by a transformation matrix. This transformation matrix 
results in 24 separate yet equivalent, symmetry-related martensitic variants which, relative to the 
original base-centered cubic (BCC) structure of the austenite, results in an “identical” 
deformation due to the symmetry of the lattice. Each variant would result, however, in a different 
macroscopic deformation relative to the original parent shape.  
1.3.2 Strain caused by the Transformation 
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Where m1  is  the  strain  at  a  unit  distance  from  the  habit  (invariant)  plane,  χ is the angle 
between the habit plane and the tensile axis, λ is the angle between the shear component of the 
strain and the tensile axis, and superscripts p and n denote the shear and dilatational components 
as shown in Fig. 2.  
 
Figure 2: Schematic diagram of the shear-like deformation induced by the martensitic transformation. Note the interface 
between the newly formed martensite and the parent matrix is the invariant “habit” plane. [6] 
For thermoelastic materials, volume change is minimal and typically 
 ݉ଵ௡ሺΔܸ ܸሻ ا ݉ଵ
௣⁄    and    ሺ݉ଵ
௣ݏ݅݊߯ሻଶ ا 1 (2)  
such that  
 ߝ௖ ൎ ݉ଵ
௣ݏ݅݊߯ܿ݋ݏߣ (3)  
Thus, the transformation strain is proportional to the Schmid factor, ݏ݅݊߯ܿ݋ݏߣ . Thus, only 
martensitic variants which are oriented most preferably to the loading direction will result in the 
maximum transformation strain. This criterion will become an important consideration when 






The existence of multiple martensitic variants is crucial to the self-accomodation property of 
martensite. As observed experimentally, the martensitic transformation does not result in 
appreciable macroscopic deformation of the parent shape [7]. This excludes the possibility of the 
formation of a single martensitic variant as described above. Instead, it has been shown that 
multiple martensitic variants are formed simultaneously, which, when combined, result in no 
appreciable macroscopic deformation of the parent shape. These different martensitic variants 
are related through twin boundaries which are either symmetric through a mirror plane (type I) or 
by rotation (type II). A schematic of a self-accommodating structure is shown in Fig. 3. 
 
Figure 3: Schematic diagram of Type I and Type II related twins of martensite. Multiple twin-related variants of 
martensite are formed during the transformation to allow for self-accommodation of the parent shape. [6] 
1.3.4 Thermodynamics of the Martensitic Transformation 
At a constant level of applied stress, the martensitic transformation in a material is characterized 
by four temperatures, representing the start and finish of the Austenite Æ Martensite and 
Martensite Æ Austenite transformations. The beginning of the Austenite Æ Martensite 
transformation occurs at the martensitic start temperature, Ms, and the transformation ends at the 





begins at the austenitic start temperature, As, and finishes at the austenitic finish temperature, Af. 
While it may be intuitive to think that the Ms and Af temperatures and the Mf and As temperatures 
may be the same, the driving force required to initiate the transformation in either direction 
causes a discrepancy in the values. This driving force is required to overcome the surface energy 
between the newly formed martensite plate and the parent phase as well as any elastic strain 
energy caused by the formation of martensite [6].  
A schematic diagram of the free energy curves for the martensite, Gm, and parent, GP, as a 
function of temperature is shown in Fig. 4.  
 
 
Figure 4: Free energy curves for the martensite, Gm, and parent, GP, phases as a function of temperature. Note 
supercooling required to start the forward transformation, ΔTs, and superheating required to begin the reverse 
transformation from martensite to austenite. [6] 
The free energies of the two phases are equal at a temperature To but supercooling by ΔTs is 
required for nucleation of the martensite from austenite. Conversely, upon heating, superheating 
is required to start the reverse transformation from martensite to austenite. This results in 
hysteresis in the transformation, causing some energy to be consumed by the transformation.  
One of the strongest effects on transformation temperature in NiTi materials is that of 





rich materials, conversely, show sharply decreasing transformation temperatures with increasing 
Ni-content. As will be discussed below, the shape memory effect is observed for samples which 
possess a martensitic structure at ambient temperatures while the superelastic effect is observed 
for samples which are austenitic. This implies that Ti-rich NiTi materials typically produce the 
shape memory effect at room temperature as the martensitic transformation occurs at higher 
temperatures. Ni-rich materials, however, will exhibit the superelastic effect since the martensitic 
transformation will not occur unless cooled to below room temperature. 
 
Figure 5: Effect of Nickel content on the martensitic start temperature, Ms, for a NiTi SMA. [8] 
1.4 The Shape Memory Effect 
As discussed above, the shape memory effect (SME) allows for seemingly plastic deformation to 
be recovered upon heating of SMA. The mechanism behind this effect can be described based on 
the martensitic phase transformation described above. In order for the SME to occur, the original 
phase of the material must be martensite such that T<Mf. The original shape is that of self-
accommodated martensite in the shape of the parent, austenitic phase. This relationship is shown 
in Fig. 6(a-b) where the original state of the material is shown in Fig. 6b. As discussed above, 
multiple martensitic variants form in a typical transformation in order to minimize macroscopic 





mobile under stress. When a stress is applied, the main deformation mechanism is the de-
twinning of these martensitic variants to that one which is most preferably oriented to the applied 
load and thus can provide the greatest transformation strain in that direction; the preferred variant 
will grow at the expense of the others through boundary movement. The martensitic variant that 
will form under a specified stress will be that which has the highest Schmid factor [6]. The 
deformation accommodation through de-twinning is shown schematically in Fig. 6(c-d). One 
crucial point which is essential for the SME and SE is that the parent phase has a higher 
crystallographic symmetry than the martensite formed from it. When the temperature is 
increased the phase reverts to the parent phase, of which there is only one “variant”. Thus, the 
shape of the parent is memorized, while the shape of the deformed martensite is not. At this 
point, the material has regained its original shape but is at an elevated temperature. Once it is 
cooled, self-accommodating martensite reforms, resulting in no appreciable macroscopic 
deformation and the original microstructure and shape have been restored. 
 
 Figure 6: Schematic representation of the microstructure and shape of a SMA rod experiencing the shape memory and 





For a high enough stress, the preferred variant will grow and ultimately consume all of the other 
variants and the system will be left with only a single martensitic variant. In the case of poly-
crystalline materials, however, this is occurring on a grain-by-grain basis rather than to the 
system as a whole. Since each grain in a polycrystalline sample is considered to have a different 
crystallographic orientation, for the same applied load, different variants are expected to form. In 
the micro-scale, such as in thin films where the loaded area may contain only a few or even a 
single grain, this anisotropy can result in significant variability in the response of the material. 
1.5 The Superelastic Effect 
While the relationship is not necessarily intuitive, the superelastic effect (SE) is nearly identical 
in mechanism to the shape memory effect described above except for one criterion. For the 
superelastic effect to be active, the material must be in the parent state when no load is applied 
and at ambient temperatures. Thus, T>Af must hold true. Thus, the base state of the material is 
that depicted in Fig. 6a, rather than Fig. 6b for the SME. When a load is applied, the austenite is 
first transformed to martensite though a stress-induced martensitic transformation where the 
driving force for the transformation is no longer simply temperature-based but also accounts for 
the strain energy difference between the austenite and martensite [5]. Subsequently, detwinning 
will occur, as in the SME, to form the most preferable martensitic variant with respect to the 
applied load. Upon removal of the load, the strain energy driving force will reverse and the 
original, austenitic structure will become energetically favorable again. As the parent material is 
reformed, due to the existence of only a single austenite “variant”, the macroscopic shape is also 
recovered. The additional deformation recovered during unloading which was accommodated by 
the phase transformation appears elastic in nature since it is recovered during unloading but does 





interesting here to note that any shape memory material can be converted to a superelastic one if 
the ambient temperature is elevated above Af and any superelastic material can be covered to a 
shape memory material if the ambient temperature is lowered below Mf.  
1.6 Nickel­Titanium 
In the most common SMA, NiTi, which will be the focus of this work, SME/SE occurs through a 
transformation between the parent phase (β) which has a B2 structure to a monoclinic martensite 
phase with a B19’ structure. NiTi itself is only formed in an extremely localized region of the Ni-
Ti equilibrium phase diagram close to 50 at% Ni. In general, the compositional range for the 
formation of pure NiTi is only considered to be between 50.0 and 50.5 at% Ni [6]. Nickel-rich 
compositions result in the formation of TiNi3 while Ti-rich compositions will form Ti2Ni 
intermetallics. It can also be observed from the equilibrium phase diagram that the formation of 
NiTi from the liquid state requires no change in composition and there is no “mushy” zone where 
liquid and solid coexist at the same temperature. This is called a congruent transformation and is 
an important consideration during the solidification of NiTi melts as it eliminates the possibility 
of constitutional supercooling causing a destabilized interface. It is of interest to note that, within 
the Ni-Ti equilibrium phase diagram, Fig. 7, for the majority of the composition range, only 
intermetallic phases are expected to form, only in different proportions [8]. NiTi itself is also 
classified as an intermetallic phase with its specific, nearly-fixed composition and highly-ordered 






Figure 7: Equilibrium NiTi phase diagram. Note existence of multiple intermetallic phases at various compositions. 
Formation of NiTi from melt is a congruent transformation with no “mushy” zone with solid-liquid co-existence. [8] 
1.6.1 Microstructure of NiTi : Precipitation and Meta­stable Phases 
While the microstructure of a NiTi sample will depend strongly on temperature, composition, 
and stress through the existence of the temperature- or stress-induced, reversible, martensitic 
phase transformation, the relationship between the martensitic variants formed and their parent 
austenitic grain are described by the self-accommodation of martensitic variants and further 
changes according to Schmid’s law as stress is applied. The parent phase, austenite, has a B2 
CsCl-type crystal structure which can be thought of as two inter-penetrating cubic lattices, one 
each for Ni and Ti, that when combined result in a base-centered cubic structure. The martensitic 
phase has a monoclinic structure with its atoms having a one-to-one correspondence to those in 
the austenite.  
Modifications to the microstructure, through heat treatments and alloying have shown the ability 
to modify shape memory properties in NiTi materials. As shown in the Fig. 7, the equilibrium 
Ni-Ti phase diagram, on the Ni-rich side of NiTi exists a region of extended solubility which 





Ni3Ti will be formed as a precipitate. It has been shown that, in practice, oftentimes metastable 
phases such as Ti3Ni4 and Ti2Ni3 are formed first due to the shorter processing times applied [9]. 
These precipitates, which are Ni-rich and thus reduce the matrix Ni-content, also result in stress 
fields around them [10]. These effects, as discussed above, can result in changes in 
transformation temperatures which is useful for tuning the properties of a specific Ni-rich NiTi 
material for an application or for a service temperature range.  
The Ti-rich side of NiTi, however, shows no extended solubility and thus such precipitation is 
not possible, at least for bulk samples and their relatively slow cooling rates as no initial stable 
solid solution rich in Ti can be produced. A metastable, Ti-rich NiTi material can be achieved, 
however, through deposition of NiTi thin films at low substrate temperatures during sputter 
coating. While the details of the sputter coating process will be discussed in greater detail in a 
subsequent section, the key aspect that makes this possible is that the material is deposited by an 
atom-by-atom process at a sufficiently low temperature that crystallization does not occur. The 
result is an amorphous film with a homogenous, metastable Ti-rich composition. Subsequent 
annealing of these films results in the formation of precipitates which are not observed in bulk 
materials. As the equilibrium phase diagram would suggest, the precipitates are of the Ti2Ni 
phase as the NiTi rejects the excess Ti. Two separate types of precipitates have been observed, 
one which is coherent with the surrounding matrix and is in a plate-like shape, and another which 
is spherical and is partially-coherent with the surrounding matrix [11][12][13]. The plate-like, 
coherent precipitates appear initially during annealing but disappear after further annealing 
which coincides with the formation of Ti2Ni precipitates which start out as coherent to the parent 





considered to follow the growth path from the coherent plate-like precipitates to the spherical 
precipitates with increased annealing temperature.  
The coherent, plate precipitates observed in amorphous Ti-rich thin films after annealing have 
been suggested to resemble Guinier-Preston zones (GP-Zones) [11]. The nanometer size and fine 
dispersion of the GP-zones has been suggested to increase the critical stress for slip which 
improves the shape memory response by causing plastic deformation to occur at a higher stress 
level [15]. 
1.6.2 Anisotropy of the Shape Memory Response 
As described above, in NiTi, there are twenty-four separate martensitic variants that can form 
from the austenitic parent phase. While, if properly oriented, each of these variants will provide 
an equivalent transformation strain under an applied load, in most cases, such prediction of 
loading directions and control over crystal orientation cannot be performed. Additionally, it is 
important to note that the martensitic transformation occurs only across specific invariant “habit” 
planes in the austenitic cell. This results in anisotropy of the shape memory effects which can 
have a substantial effect on the strain recovery during the SME or SE. The orientations that result 
in maximum strain recovery as measured in a single crystal NiTi sample in tension and 
compression are shown in Table 1 [16]. 
Table 1: Crystal orientations of NiTi with highest percentage of recoverable deformation in elongation and compression. 









[233] 10.7 − 
[111] 9.8 3.6 
[011] 8.4 5.2 






The highest level of recoverable deformation in tension approaches 11% strain while that in 
compression, for a different orientation, is over 5%. The anisotropy of the deformation recovery 
is further related to the Schmid factors for the martensitic variants relative to the applied stress. 
Certain orientations will be better suited to accommodating deformation through the martensitic 
phase transformation and subsequent de-twinning.  
1.7 Shape Memory Alloys at the Micro­Scale  
While it is clear that the limited knowledge and complexity of the fundamentals of the SME and 
SE, shape memory microstructures, as well as tuning of the resultant material properties are 
substantial challenges facing shape memory alloys and their widespread use, a more basic 
constraint has, until recently, limited their applicability. At its heart, the SME is a thermally-
based actuation, deformation-recovery, or sensing process. While many times it is attractive due 
to this thermal-based nature, this also brings about some difficulties. Typical shape memory 
alloys, being metals, have relatively large densities and specific heats. This results in the need for 
significant energy input to raise the temperature of a SMA sample appreciably to induce the 
reverse transformation. While the total energy, in and of itself, is not out of reach, the energy 
flux required to actuate a large SMA product at a reasonable frequency becomes unreasonable. 
In addition, not only does the material have to be heated, but it has to be cooled back below the 
Mf temperature before subsequent actuation steps can be performed. This eliminates the 
possibility of using SMA actuators in bulk form where high-frequency capabilities are required.  
While in the early stages of their development, shape memory alloys were limited by their slow 
actuation rates, recent investigations into the use of SMAs in thin film and other micro-scale 
forms such as wires and tubes has opened up a variety of new applications. Critically, the smaller 





achieved. SMAs in thin film form possess even greater frequency capabilities due to their 
significantly higher surface-to-volume ratios. After patterning through microlithography, 
portions of the films can be actuated through joule heating. Recent studies of thin film SMA 
actuators have shown the potential to reach actuation frequencies in excess of 300 Hz [17].  
While significant advantages are gained through the use of SMAs in the micro-scale, some 
complications arise related to the anisotropy of the martensitic transformation. For bulk samples, 
grain sizes are significantly smaller than any part dimension. As a polycrystalline system, the 
anisotropy of the transformation is significantly reduced through the random orientation of each 
grain. As the SMA material becomes smaller and reaches the length-scale of single grains, this 
anisotropy is no longer cancelled out. Thus strong orientation dependences as described above 
are observed.  
1.8 Deposition of NiTi Thin Films 
The most commonly used method for producing thin film NiTi samples is magnetron sputter 
deposition. Deposition is performed in a vacuum within which positively charged Argon ions are 
accelerated through a magnetic field and strike one or multiple metallic targets, resulting in the 
ejection of atoms from the targets. These atoms arrive at a substrate material, typically glass or 
silicon, coating it in a thin layer. The substrate is often rotated during deposition for greater film 
uniformity. The deposition of NiTi can occur either using a single alloy Ni-Ti target or 
simultaneous co-deposition from separate Nickel and Titanium targets. While more complex, co-
deposition allows for control over film composition by adjustment of the magnetic field strengths 





An additional advantage of sputter deposition is the possibility of forming amorphous thin films 
when deposition is performed at a temperature below which crystallization will occur [18]. This 
enables the ability to form films with uniform compositions that could not exist in equilibrium 
without separating into two or more separate phases and is crucial for the formation of 
metastable, coherent Ti2Ni precipitates, which are not observed in bulk samples, in Ti-rich NiTi 
thin films as described above. The use of initially amorphous films also opens the door to 
tailoring the resultant microstructure to the particular application typically through thermal 
treatments. Vlassak et al. [19] as well as Lee et al. [20] and Ramirez et al. [21] have studied the 
effect of furnace heat treatments on the crystallization and resulting microstructure of amorphous 
NiTi thin films. Subsequent studies by Wang et al. [22][23] as well as Birnbaum et al. [24][25] 
have investigated the use of localized heating through laser treatments to produce spatially-
resolved shape memory properties in thin film NiTi.  
1.9 Applications of Shape Memory Alloys 
NiTi has been shown to be able to accommodate up to 8% strain which is recoverable upon 
heating over a narrow temperature range. In addition, stresses up to 700MPa have been observed 
in constrained NiTi alloys [26]. This shows the large work envelope that can be utilized for NiTi 
SMAs. These abilities have caused the investigation and use of NiTi for a variety of applications. 
The first large-scale commercial application of NiTi was in couplers between Titanium hydraulic 
tubing in the Grumman F-14 fighter jet in 1971 [26]. The ability for the material to shrink upon 
heating allowed for “Cryofit ®” couplings where a ring with a smaller internal diameter (I.D.) 
was memorized in the parent phase. The ring was then pre-stretched with the deformation being 





temperatures below As until they were placed at tube junctions at which point they would be 
heated, shrinking to their original, memorized shape, and joining the two tubes together. 
Subsequent applications of SMAs consisted of shock- and vibration-proof electrical connectors 
for critical applications such as missile control systems [27]. Further applications included the 
use of SMAs for fastening applications where controlled pre-load, shock and vibration 
resistance, and hermetic sealing capabilities were required. These applications typically involved 
the use of SMA rings which would contract upon heating to clamp onto a surface. More common 
uses of SMAs in consumer products came through their use in deformable eyeglass frames as 
well as mobile phone antennas, both of which used the superelastic property of SMAs to allow 
for significant deformation of the products without failure. 
As described above, the application of shape memory materials in thin film form provides 
advantages in the actuation frequencies achievable when compared to bulk geometries. Thin film 
SMAs are most often considered for use in thin film for in Micro-Electro-Mechanical Systems 
(MEMS). Huang et al. have shown the ability to produce NiTi-Silicon bi-layer micro-grippers 
[28] actuated by the shape memory effect. Micro-valves for fluid control actuated by NiTi thin 
films have been investigated by Kohl [29] and the actuation temperature was adjusted through 
compositional and microstructural control through sputtering and heat treatment. 
Medical Devices: A successful application of NiTi in particular, which is the most popular shape 
memory alloy for use in medical applications due to its good biocompatibility, is dental arch 
wires used in dental braces to correct the position of teeth [30]. The optimal stress range over 
which acceptable movement of the teeth is produced without damage to tissues is narrow, and 





adjustments to maintain the desired force. The use of the stress plateau in shape memory 
materials, however, enables significant strain to occur at the same stress. Similar considerations 
motivate the use of NiTi for self-expanding vascular stents. The stress plateau is used to provide 
a low-level, constant outward force on the vessel walls in self-expanding NiTi stents [31]. In 
endoscopy, shape memory alloys can be used to allow for active steering of the head to enable 
greater access through complex vasculature [32]. Furthermore, the use of NiTi for guidewires 
has become popular compared to the previously used stainless steel guidewires due to the 
significant reduction in permanent kinks, as well as the greater steerability. One of the main 
obstacles to the wide-spread use of NiTi in implantable medical devices is their limited 
radiopacity. As such, they are nearly invisible to x-ray imaging techniques which are widely used 
in medical procedures. In current implementations, marker bands made of radiopaque materials 
are added to implantable NiTi medical devices for observation under x-ray imaging. 
1.10 Intermetallic Phases in Dissimilar Metal Joining 
One of the main criteria which limits the widespread use of SMAs is their ability to be 
seamlessly integrated into products containing other metal structures. This constraint is even 
more detrimental to micro-scale structures where many traditional, mechanical joining methods 
are cumbersome to apply. The direct joining between dissimilar materials typically results in the 
formation of intermetallic phases which are often brittle, resulting in fragile joints with little-to-
no ductility. In the realm of implantable medical devices such as stents and catheter guidewires, 
which are often in the micro-scale, this results in the use of joining methods including crimping, 
brazing, and adhesive joining [31][33] which rely on mechanical constraint or secondary 
interlayer materials to isolate the base materials. Unfortunately, mechanically constrained joints 





secondary interlayer materials, while reducing or eliminating brittle intermetallic formation, 
cannot be applied to many implantable devices where high levels of biocompatibility are 
required and suitable interlayers cannot be identified. 
While not observed to form between all metal pairs, intermetallics are very prevalent in the NiTi 
system, which is of prime importance to medical SMA applications due to the materials’ 
excellent biocompatibility. Intermetallics form due to the strong attractive force between unlike 
atoms which results in a highly ordered arrangement of atoms. The bonds in these materials have 
a much stronger ionic or covalent character than would be expected in a metal-metal system. 
These phases are expected to form under circumstances where the electronegativity of the two 
atoms is great [34], the electron-atom ratio in the resultant material fit a few specific ratios [35], 
or specific compositions and atomic radii where dense packing was possible (Laves Phases) [36]. 
Intermetallics often have severely limited homogeneity ranges and are often represented as line 
compounds in phase diagrams, such as Ni3Ti in Fig. 7. 
The result of this highly ordered structure, oftentimes with non-metallic bonding, is the lack of 
mobility of atoms, and long Burgers vectors for slip, especially for those crystals with highly 
complex structures. This results in minimal deformation accommodated through processes such 
as creep and plasticity [37]. While localized inelastic deformation is often observed locally 
around a crack, their overall ductility is low and intermetallics are often called “quasi-brittle” 
materials. At low temperatures this results in fracture of intermetallics through transgranular 
cleavage or intergranular cracking. 
Intermetallic phases are expected to form in the vast majority of dissimilar metal joining 





layers at dissimilar metal interfaces results in reduced joint strength and ductility, greatly 
reducing the durability of the joined assemblies.  
1.11 Phase Prediction in Multi­Component Systems 
The prediction of the formation of intermetallic phases, as well as solid solutions, in dissimilar 
metal pairs is often complicated by the high number of alloying elements and varying 
compositions in the mixed materials for which equilibrium phase diagrams do not exist. Many 
binary, and some tertiary phase diagrams do exist in the literature but are typically limited to 
more common materials and require rigorous, lengthy experimental measurements to develop. 
Through ongoing investigations since the 1970’s, a concerted effort has been put forth by an 
international group of scientists to develop computational thermodynamic descriptions of phases 
for prediction of phase diagrams [38].  
The basis for the CALPHAD (Calculation of Phase Diagrams) method is the description of the 
free energies of phases in a material as a function of temperature, T, pressure, P, and 
composition, X. The stable phase, or mixture of phases, is considered to be that which minimizes 
the energy of the system. For a mechanical mixture between two pure components the free 
energy of a phase can be written as 
 ܩெ ൌ ஺ܺܪ஺ ൅ ܺ஻ܪ஻ െ ܶሺ ஺ܺ ஺ܵ ൅ ܺ஻ܵ஻ሻ (4)  
Where Xi are the mole fractions, Hi are the enthalpies, and Si are the entropies of the pure 
components A and B denoted by subscripts. A mechanical mixture occurs when there is an 
interface between two pure components yet the percentage of atoms at the boundaries is 
negligibly small. Therefore there is no solution produced. If, however, a solution is created, the 





 ܩௌ ൌ ஺ܺܪഥ஺ ൅ ܺ஻ܪഥ஻ െ ܶሺ ஺ܺܵҧ஺ ൅ ܺ஻ܵҧ஻ሻ െ ܶ∆ܵெ (5)  
Where barred quantities indicate values when in solution and ΔSM is the entropy of mixing 
(configurational entropy). For dilute solutions the configurational entropy can be written as 
 ∆ܵெ ൌ െܴሺ ஺ܺ ln ஺ܺ ൅ ܺ஻ lnܺ஻ሻ (6)  
If we consider a binary ideal solution where the enthalpy of mixing, ΔH, is zero, and with only 
configurational entropy contributions, the molar Gibbs energy  becomes 
 ܩ௜ௗ,ௌ ൌ ܩெ ൅ ܴܶሾሺ1 െ ܺ஻ሻ lnሺ1 െ ܺ஻ሻ ൅ ܺ஻ lnܺ஻ሿ (7)  
In reality, however, most solutions do not behave as ideal solutions. For these cases, the free 
energy is written as 
 
ܩ௦ ൌ ܩெ ൅ ஺ܺሺܪഥ஺ െ ܪ஺ሻ ൅ ܺ஻ሺܪഥ஻ െ ܪ஻ሻ
െ ܶሾ ஺ܺሺܵҧ஺ െ ஺ܵሻ ൅ ܺ஻ሺܵҧ஻ െ ܵ஻ሻሿ
൅ ܴܶሺ ஺ܺ ln ஺ܺ ൅ ܺ஻ lnܺ஻ሻ 
(8)  
or 
 ܩௌ ൌ ܩெ ൅ ∆ܪ௫௦ െ ܶ∆ܵ௫௦ െ ܶ∆ܵெ (9)  
Where superscript xs indicates values in excess to that of an ideal solution. In typical CALPHAD 
databases, this excess energy is described by a polynomial function which goes to zero at each of 
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Where i and j represent two separate components, kLij is the interaction parameter describing the 





the Redlich-Kister polynomial fit function. The interaction parameters between a variety of 
elements and the polynomial order for the fitting function are derived from experimental data 
and saved in the database. 
Once these curves are known for each phase in the material, the free energies of different phases 
can be compared. The stable phase or phase mixture is considered to be that which results in the 
lowest total energy. Plotting these points in temperature-composition space allows the 
calculation of phase boundaries and thus the complete phase diagram. In order to extend these 
equations past binary combinations, extra terms are added for each new component and free 
energy “surfaces” are plotted rather than curves. This method thus allows for extension of data 
from binary and tertiary phase diagrams to larger multi-component systems.  
1.12 Characterization Methods 
A variety of characterization methods have been applied to the analysis of materials in both thin 
film and bulk form. Temperature dependence of shape memory microstructures can be 
investigated through the use of in-situ temperature dependent optical microscopy and x-ray 
diffraction. Microstructural changes on the surface of films can be observed through optical 
microscopy when the material is heated above the Af temperature and subsequently cooled below 
the Mf temperature. Temperature dependent x-ray diffraction allows for characterization of 
changes in crystallographic structure during the transformation. Both of these processes provide 
a method for determining the transformation temperatures of a shape memory material at the 
surface, or within its interior. 
The composition of materials, a strong determinant of the transformation temperatures of SMAs, 





the use of Energy-Dispersive X-ray Spectroscopy (EDS) which uses an electron beam to excite 
electrons within the base material, releasing x-rays which are characteristic of different elements. 
Crucially, EDS scans can be made spatially-resolved through the implementation of line-scan 
and area map geometries to characterize the mixing between materials in dissimilar metal joining 
processes. 
Analysis of microstructural morphology and fracture surfaces is performed either through 
differential-interference contrast (DIC) optical microscopy or scanning electron microscopy 
(SEM). Samples for microstructural morphology observation are prepared through the use of 
metallographic sectioning, polishing, and etching. Polishing is performed through the application 
of subsequently finer grips of silicon-carbide grinding paper under water lubrication. Polishing is 
performed with alumina slurries with particles sizes between 1 micron and 0.3 microns on cloth 
polishing pads. Subsequent polishing may be performed with a colloidal silica slurry, an etch 
attack polishing medium which minimizes plastic deformation of the sample surface. This last 
step is often required for samples to be observed under EBSD. Unpolished samples such as 
fracture surfaces, often require the use of a SEM for observation due to its high depth of field. 
Further details on the characterization of a materials mechanical response and identification of 
phases are provided in the following sections.  
1.12.1 Mechanical Response 
The mechanical properties of processed materials were measured using two key methods, 
uniaxial tensile testing and nano-indentation. Uniaxial tensile testing is a standard method for 
obtaining mechanical properties of common as well as shape memory materials. Samples, 
however, must be machined to fit standard shapes for these tests. If feasible, however, shape 





depending on the phase transformation temperatures relative to ambient, strain recovery through 
the superelastic effect or after heating of the sample above its Af temperature. The wide variety of 
standard shapes such as plates, wires, and tubes that can be tensile tested allows for wide 
applicability. It is important to note, however, that when multiple materials are contained within 
the gage length of the sample, simple load-displacement analysis is unable to identify the 
separate properties of each material. Tensile testing also allows for the characterization of the 
strength of dissimilar metal joints.  
The application of traditional tensile testing procedures to micro-scale geometries, especially thin 
films, however, becomes difficult due to challenges in forming suitable test geometries, applying 
controlled loads, and measuring deformations. Materials in thin film form are often characterized 
through the use of nano-indentation, which measures material properties through a different 
method. A small diamond-tip indenter, which can be made in a variety of traditional indentation 
geometries such as Vickers, Berkovich, cube-corner, amongst others, is pressed into the sample 
to a prescribed displacement or load. The instrumented apparatus allows for capture of the load-
displacement profile during indentation. The captured load-displacement data can be analyzed to 
obtain material properties such as hardness and elastic modulus. A typical load-displacement 
curve obtained from the indentation of a conical indenter tip is shown in Fig. 8. Due to the small 
indentation size, unlike tensile testing, nano-indentation can be highly spatially-resolved by the 
arrangement of indentations in spatial arrays at close spacing, a minimum of roughly three-times 






Figure 8: Schematic diagram of load-displacement curve from indentation of a conical indenter tip into an elastic-plastic 
solid. [40] 
In the load-displacement curve shown in Fig. 8, loading of the sample follows the upper curve 
which includes effects from both elastic and plastic deformation below the indenter tip. Upon 
reaching the ultimate load or indentation depth, unloading follows the lower curve. The shape of 
this curve is dominated by elastic recovery as the load is removed from the deformed sample. 
Further analysis of the curves can be used to characterize shape memory properties through 
deformation recovery during unloading and dissipated energy ratios. The dissipated energy ratio 
is calculated as the ratio between the “plastic” unrecoverable energy, the area within the load-
displacement curve, and the total energy input into the system, the area under the loading curve 






Figure 9: Load-displacement curve from nano-indentation showing regions representing unrecoverable energy due to 
plastic deformation, UP, and energy recovered through elastic or superelastic deformation, UE.  [40] 
In the realm of shape memory materials, energy can be dissipated by the phase transformation 
due to hysteresis in addition to plastic deformation. Energy may also be recovered “elastically” 
through the superelastic effect in addition to elastic deformation recovery. Shape memory 
materials, which undergo a stress-induced martensitic de-twinning process, which is not 
recoverable during unloading, result in high dissipated energy ratios. Superelastic materials, 
which undergo a stress-induced martensitic transformation and detwinning under loading, and 
recovery of the parent shape upon unloading, results in low dissipated energy ratios.    
Further characterization of shape memory properties in indented samples can be performed with 
a combined atomic force microscopy (AFM) and nano-indentation scheme as described by 
Birnbaum et al. [24]. Initial deformation of a shape memory the sample is performed through 
nano-indentation such that a residual indentation is left after unloading of the indenter tip. The 





indentation. The sample is then heated above the sample’s Af temperature such that any 
deformation accommodated through the shape memory effect may be recovered. The sample is 
then cooled and scanned again by AFM to quantify the depth recovery. As materials exhibiting 
superelasticity will recover little-to-no deformation upon heating, this method also allows for 
approximation of the materials’ transformation temperatures as well as shape memory strength. 
1.12.2 Phase and Orientation Identification  
Two separate characterization methods were performed for phase and crystallographic 
orientation identification. X-ray diffraction, which uses a collimated beam of x-rays, typically of 
the Cu-Kα wavelength for lab sources, obtains crystallographic information through diffraction 
following Bragg’s law which describes angles at which the path length traveled by beams 
reflected off crystal planes will be off by an integer number of wavelengths. Diffraction “peaks” 
are recorded as a function of 2Θ angle which are characteristic of different materials and phases. 
X-rays, which have high penetration depths into metallic materials, capture crystallographic 
orientation data from a large volume of a thin-film structure. Intensity peaks can then be 
compared to those from randomly-oriented powder samples to determine if any preferential 
orientation exists in a sample.  
The electron beam used for Electron backscatter diffraction (EBSD) measurements, in contrast, 
penetrates only in the nanometer scale into metallic materials. The accelerated electrons interact 
with the nuclei of the atoms in the material and are scattered elastically and channeled along 
Bragg-diffracting planes. These electrons experience path differences which leads to diffraction 
as they reach a phosphor plate detector. The Kikuchi patterns formed on the phosphor screen are 
characteristic of the crystal structure of the material, its orientation, and to a lesser extent, the 





for known crystals at different orientations in order to determine the best match. As different 
phases oftentimes exhibit different crystal structures and lattice spacing, the phase of a material 
can be roughly identified through the fitting of EBSD patterns. Additional evidence for phase 
identification can be provided by a subsequent energy-dispersive x-ray spectroscopy scan which 
identifies the composition of each region of the EBSD map. The combination of crystal structure 
and compositional data results in greater phase identification accuracy. A key advantage of the 
EBSD process over x-ray diffraction is the ease by which high spatial resolutions, even to the 
nanometer scale, can be achieved. In doing so, complete orientation maps of samples can be 
performed. It is important to note, however, that the EBSD process is limited to characterizing a 
very thin layer of material at the surface of a sample. Sample preparation to minimize plastic 
deformation of this layer is also crucial to obtain clean EBSD patterns.  
1.13 Objectives and Organization of Dissertation 
The modification of shape memory materials through aging heat treatments is described in 
Chapter 2. This study investigates the effect of the Ti2Ni precipitation, at its different stages, on 
the martensitic microstructure, shape memory response, and transformation temperatures in 
amorphous, Ti-rich NiTi thin films. These unique precipitates are known to form only in such 
films and not in bulk samples due to the ability of sputter deposition to form a meta-stable film 
of uniform composition not achievable at equilibrium. The effect of the precipitation on 
transformation temperatures is characterized through the use of temperature-dependent 
differential-interference contrast (DIC) microscopy and temperature-dependent x-ray diffraction 
while shape memory properties are characterized through measurements of depth recovery by 





for large-range tuning of film transformation temperatures such that shape memory or 
superelastic films can be formed from the same overall film composition.  
Laser-induced modification of Ni-rich (superelastic) NiTi thin films is described in Chapter 3. 
Texture formation is explained in terms of surface-energy-induced abnormal grain growth during 
the epitaxial solidification of a molten layer of the film. Texture characterization is performed 
through x-ray diffraction and electron backscatter diffraction. Prediction of texture and analysis 
of its development as a function of film melt depth is developed through the use of a Monte 
Carlo grain growth simulation including surface energy effect. Furthermore, a scaling factor 
between Monte Carlo Steps and melt depth is derived to allow for direct comparison between 
experimental and numerical results. 
Chapter 4 describes the investigation of the microstructures formed during laser fusion welding 
of the Titanium-Stainless Steel dissimilar metal pair. The formation of intermetallic phases is 
observed in the weld zone and the resultant microstructures, phases, and their distributions is 
described as a function of the thermal profile imparted by the laser joining process. As expected, 
the strengths for the intermetallic-heavy joints are low and show high variability. The variation 
in microstructure along the depth of the joint, however, suggests a path for possible strength 
improvement.  
 The development, application, and characterization of a novel joining process for dissimilar 
metals are described in Chapter 5. The process, Autogenous Laser Brazing, utilizes precise laser 
irradiation along one elongate member in a butt-joint configuration to another, toward the 
dissimilar metal interface. Localized thermal accumulation and melting is achieved at the 





morphology is characterized through the use of spatially-resolved compositional and crystal 
structure maps by energy-dispersive x-ray spectroscopy and electron backscatter diffraction. 
Tensile strengths of the joined wires are analyzed in terms of the joint morphology and phases 
identified within the melt zone. A fully-coupled thermal-fluid flow numerical simulation with 
considerations for Marangoni convection is performed for understanding of the fluid mixing 
within the joint. Computational thermodynamics simulations are also performed in order to 









Originally observed in bulk specimens, the shape memory effect (SME) and superelasticity (SE) 
are characteristics shared by the class of materials called shape memory alloys (SMA). These 
materials generated a great deal of interest in their infancy due to their ability to recover large 
deformations upon heating and endure significant, seemingly elastic strains. Recently, thin-film 
shape memory alloys have gained popularity due to their small thermal mass and thus fast 
response time and are of particular interest for use in micro electromechanical devices (MEMS) 
as actuators due to their ability to produce large forces and displacements. One particular SMA, 
NiTi, has been the focus of extensive research for biomedical applications due to its excellent 
biocompatibility and good shape memory characteristics. NiTi thin films have been applied to 
various MEMS applications such as micro-grippers and micro-valves [1]. 
Crystallization of the amorphous thin films produced through sputtering is typically performed 
by furnace annealing. Furnace annealing of thin film specimens has been shown to produce 
specimens that exhibit shape memory properties comparable to those of bulk materials [2]. Lee 
et al. [3] have characterized the nucleation and growth of NiTi crystals in amorphous sputtered 
films through in-situ TEM observation. Furthermore, control over transformation temperature, 
recoverable strain, and even biocompatibility have been demonstrated by varying annealing 
parameters and deposition conditions [4-6]. These works, however, are limited to a small set of 
annealing temperatures and times and are unable to observe the transition between superelastic 





X-ray diffraction (XRD) and transmission electron spectroscopy (TEM), among others have been 
the primary methods by which both bulk and thin film SMA have been characterized. These 
methods have been used to determine the crystal structure, phase transformation temperatures, 
and precipitation behavior of annealed specimens. The increased interest in thin film SMA also 
requires the use of different characterization methods that can accurately test materials in this 
form. Recent studies of the micro and nano-scale properties of SMA such as NiTi have made use 
of nanoindentation for this purpose. Gall et al. [7] have studied the nanoindentation response of 
bulk, Ni-rich, superelastic, single crystal NiTi in different orientations. Nanoindentation of thin 
films has also been used to determine the mechanical properties of sputtered and annealed films 
as a function of composition and film thickness [8,9]. Nanoindentation is particularly appealing 
for thin film specimens since they are not easily characterized by conventional means. 
Amorphous, Ti-rich materials are of particular interest when considering thin films since they 
form microstructures unattainable in bulk materials [10]. There remains to be, however, a 
systematic study on the effects of heat treatment, specifically temperature and dwell time, on the 
nanoindentation response of thin film Ti-rich NiTi.  
In this study, the effects of aging heat treatments on amorphous, sputtered, Ti-rich NiTi films are 
examined to provide insight into the evolution of their microstuctures and shape memory 
properties. Specifically, the effects of annealing temperature and dwell time on the 
transformation temperatures and mechanical and shape memory properties are characterized 








The shape memory effect (SME) and superelasticity (SE) exhibited by shape memory alloys are 
both manifestations of a reversible crystallographic shift known as the martensitic 
transformation. A brief description of shape memory phase transformations and some key 
relations are included in this section to support discussion of the experimental results.  
Thermodynamically, the driving force for the transformation is the change in free energy 
between the austenite and martensite structures where the free energy for each phase can be 
written as [11] 
 ܩכ ൌ ܷ ൅ ܸܲ െ ܶܵ െ ܨ݈ ൌ ܪכ െ ܶܵ (1)  
 where U, P, V, T, S, F, and l are the internal energy, pressure, volume, temperature, entropy, 
force applied to the specimen, and change in length of the specimen respectively. The enthalpy 
component of the free energy is denoted H*. At the equilibrium temperature the free energy of 
martensite is equal to that of the austenite which gives the following relation at constant pressure 
 ݀ܩכ஺ ൌ ݀ܩכெ ൌ െܵ஺݀ܶ െ ݈஺݀ܨ ൌ െܵெ݀ܶ െ ݈ெ݀ܨ (2)  
where the superscripts ‘A’ and ‘M’ indicate the values for austenite and martensite respectively. 










 (3)  
Equation 3 is the Clausius-Clapeyron relationship for stress and temperature for the phase 
transition between austenite and martensite and quantifies the change in the equilibrium 
temperature, To, with applied stress and conversely, changes in the stress required to induce the 





slope of the lines delineating the phase regions in the schematic phase diagram of NiTi in the 
stress-temperature domain, Fig. 1. 
 
Figure 1 shows the effects of changes in transformation temperature on the stresses required to 
initiate and complete the phase transformations, denoted σs and σf. The material depicted by the 
dashed lines is composed of twinned martensite at room temperature, and is fully transformed to 
detwinned martensite at a stress of σf’. The material depicted by the solid lines, however, could 
be martensitic or austenitic at room temperature and will not complete its transformation to 
detwinned martensite until a larger stress, σf, is reached. All else being constant, these changes in 
the phase transformation temperatures of the materials can significantly affect their responses to 
mechanical loading by causing either the shape memory or superelastic response to be active. 
In addition to changes between the shape memory and superelastic responses, adjustment of 
phase transformation temperatures can cause complete loss of shape memory properties if the 
stress required to initiate the phase transformation becomes too large. For simplicity we define 
the critical stress to induce the phase transformation as a single value, σmr, and σy as the yield 












Figure 1: Schematic diagram of the stress-temperature 





memory or superelastic properties. Since the yield stress is below the critical stress, deformation 
will be accommodated by plasticity before any phase transformation takes place. Materials with 
Ymr σσ < will undergo a phase transformation upon loading before reaching plasticity and, 
depending on the transformation temperatures at zero stress, will exhibit shape memory or 
superelastic properties.  
2.2.2 Indentation and Depth Recovery 
Under complex loading conditions such as those caused by indentation, a mixture of deformation 
accommodated by phase transformation and deformation accommodated by plasticity is typically 
seen due to non-uniform stress distributions in the material. Modeling of this process begins with 
Hill [12] who used an expanding cavity model to determine the radial displacement, u(r), of 
material surrounding an expanding hemi-spherical cavity.  
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where Ypl is the yield stress, E is Young’s modulus, cpl is the radius of the elastic-plastic 
interface, and ν is Poisson’s ratio. Johnson [13] applied this model to the displacements produced 
by a conical indenter which have been shown to be radial with contours being roughly hemi-
spherical in shape. Taking the derivative of Eq. (4) with respect to c and conserving volume as 














 (5)  
where d is the indentation depth and β is the angle between the indenter face and the film surface 





critical stress to induce de-twinning of martensite, the radius of the shape memory region, cmr, 
can be determined. Following Shaw et al. [14], since only the material within the shape memory 
region and outside the plastic region recovers when heated and assuming constant modulus and 
Poisson’s ratio, the theoretical depth recovery ratio, Rth, of a martensitic film under indentation 









 (6)  
This relationship illustrates the importance of these critical stresses on the material response of 
the films.  
2.3 Experimental Procedure 
Ti-rich Ti-Ni thin films were deposited on silicon substrates with a 1µm ultra-low residual stress 
Si3N4 PECVD barrier layer to prevent any interaction between the film and substrate. The films 
were deposited at room-temperature in a magnetron sputtering system from an equiatomic NiTi 
target and a pure Ti target to achieve an amorphous structure. The composition of the film was 
determined by energy-dispersive x-ray spectroscopy (EDX) to be 51.8 at% Ti-Ni and the film 
thickness was 1µm.  Annealing of the films was performed in a vacuum tube furnace with PID 
temperature control. The specimens were placed in the furnace at the annealing temperature and 
a slight flow of ultra-high purity Argon was maintained throughout the annealing time. The 
system was also evacuated using a vacuum pump after insertion of the sample to reduce the 
oxygen levels in the tube. To further reduce oxidation during annealing the NiTi film was placed 






Figure 2: NiTi equilibrium phase diagram. Note near-constant solubility limit of Ti on Ti-rich side of NiTi [15] 
Classical heat treatments of alloys consist of a solution treatment followed by an aging step. As 
shown in Fig. 2, the maximum solubility limit for Ti in NiTi is 50.5 at% and thus, the film used 
for these experiments (51.8 at% Ti-Ni) will not form a stable solid solution at any temperature 
[14]. Since the sputter deposited Ti-rich film has an unstable, homogeneous composition similar 
to a quenched solid solution, no solution treatment step was performed prior to aging. Aging 
treatments were performed at four different temperatures: 460, 560, 660, and 760°C with 
durations of 5, 30, and 60 minutes. After aging the samples were quenched in water to stop the 
precipitation process.  
Following the aging treatment the films were characterized using optical microscopy with a 
differential interference contrast (DIC) apparatus and a heating/cooling stage. The DIC system 
enhances the contrast in the image through optical interference and allows for much clearer 
imaging of the surface of the NiTi films. Using this system, along with the heating and cooling 
capabilities, allows optical measurements of the phase transformation temperatures by observing 






In-situ temperature dependent x-ray diffraction measurements were also performed on the 
annealed specimens to determine the room temperature phase and transformation temperatures of 
the film. By observing the growth and decay of the austenitic peaks in the XRD spectrum with 
changes in temperature the phase transformation temperatures can be identified. Growth of the 
peaks begins at the austenitic start temperature and ends at the austenitic finish temperature while 
decay of the peaks begins at the martensitic start temperature and ends at the martensitic finish 
temperature. 
The heating and cooling stage for both the in-situ temperature dependent optical microscopy and 
x-ray diffraction measurements consisted of a water-cooled peltier module. Heating and cooling 
was achieved using the same device by switching the polarity of the supply voltage. 
Temperatures were measured using a thermocouple that was placed on the surface of a second, 
identical sample situated nearby on the thermoelectric device to minimize interference with 
imaging and diffraction measurements.   
Nanoindentation was used as a means to determine the shape memory and mechanical properties 
of the annealed thin films. A diamond Berkovich tip was used. Two types of indentation tests 
were performed on the annealed specimens. For the first type, the basic indentation test, the 
indentation modulus and hardness of the films are calculated at a specified displacement into the 
film. The second type is the continuous stiffness measurement (CSM). By applying a small 
oscillating load over the basic load curve, local unloading can be achieved at each increment in 
indentation depth and material properties can be measured as a function of depth into the surface. 
CSM measurements were performed to a depth of 1μm to characterize the full thickness of the 
film. Basic tests were performed to a depth of 100nm to minimize substrate effects on the 





microscope to determine their initial depth, maxD , and measured again after being heated above 
their austenitic finish temperatures to determine the recovered depth, rD . The recovery ratio, 
defined as ( ) maxmax DDD r−=Φ , represents the level of deformation accommodated by de-
twinning and phase transformations and is analogous to Eq. (6). 
2.4 Results and Discussion 
Among the many factors that influence the mechanical and shape memory properties of NiTi 
films is the microstructure of the material, more specifically, the size and types of precipitates. 
Ti-rich NiTi has been shown to develop NiTi2 precipitates; however, due to the maximum 
solubility of Ti in NiTi being only 50.5 at%, in bulk materials NiTi2 precipitates only form at 
grain boundaries which limits their effectiveness in changing the properties of the material. 
Sputter deposition of Ti-rich NiTi thin films, however, is able to create an unstable structure with 
a homogeneous distribution of Ti no matter what the composition. The subsequent aging of these 
films causes precipitates to form within the NiTi grains which initially form as thin-plates or 
Guinier-Preston (GP) zones at low annealing temperatures and times [10]. These plate 
precipitates are coherent with the austenite matrix and their coherency strains strengthen the 
austenite phase. Increases in the annealing temperature or time have been shown to cause the 
precipitates to become spherical in shape and lose their coherency with the austenite matrix 
resulting in a decreased critical stress for slip. 
2.4.1 Surface Relief Length 
The surface relief caused by martensitic variant formation is seen clearly with the use of 
differential interference contrast (DIC) optical microscopy as shown in Fig 3b and 3c. The length 
of these plates has been reported to be affected by a number of variables such as grain size and 





a austenitic matrix are unable to pass through the larger, spherical precipitates that form at higher 
temperatures and longer annealing times, but are undeterred by the smaller, coherent GP-zones 
that form at lower temperatures and shorter annealing times. Additionally, the high concentration 
of dislocations surrounding the incoherent precipitates is thought to encourage the nucleation of 
martensites. Thus, the films that contain only GP zones should have the longest plates which 
would decrease in length as the GP zones grew into spherical precipitates.  
 
The measured martensite lengths for films annealed at 460 and 560°C are shown in Fig. 3a as a 
function of time. There is little change in the lengths between the samples annealed for 5 and 30 
minutes at 460°C, however, the lengths begin to decrease for the 60 minute annealing time. The 
surface relief length for the samples annealed at 560°C are still shorter, and show a similar trend 
of decreasing length with annealing time.  This behavior is expected due to the increase in 
diffusion rate at higher temperatures and greater time for diffusion to occur for longer anneals. 
Figure 3: (a) Length of martensitic surface relief as a function of 
annealing parameters. Error bars denote standard error. Optical 
micrographs of samples annealed at (b) 460°C for 5 minutes and  (c) 







Both of these relationships have the effect of allowing for greater growth of the precipitates from 
the initial GP-zones to larger spherical precipitates. As the spherical precipitates begin to form, 
the maximum plate length is reduced due to their inability to grow through those regions. Ishida, 
et al. [17] have also shown that there is a transition region between materials containing GP-
zones and those with spherical precipitates where a mixture of the two types of precipitates is 
observed. This observation qualitatively agrees with our experimental data which shows a 
gradual decrease in plate length with increasing annealing temperature and time.  
While precipitate formation is one factor in determining the plate size, grain size also has an 
effect on the maximum size due to the fact that the plates generally do not grow through grain 
boundaries. This suggests that a decreasing grain size could also be the reason for the observed 
decrease in plate length with time and temperature. However, it was observed that the maximum 
plate length for the films annealed at 460 and 560°C were nearly identical, suggesting that the 
grain size of the films is not changing significantly and thus is not responsible for the observed 
change in plate length. The films annealed at higher temperatures were austenitic even upon 







The changes in surface relief of a typical martensitic specimen upon heating and cooling as 
observed through optical microscopy are shown in Fig. 4. This surface relief is due to the 
existence of various martensitic variants within the film. As the temperature is increased past the 
austenitic start temperature the variants begin to disappear. Upon reaching the austenitic finish 
temperature, the surface exhibits a smooth surface indicative of austenite. Upon cooling from the 
elevated temperature, the variants begin to reappear at the martensitic start temperature, and have 
fully developed upon reaching the martensitic finish temperature. By tracking the temperature of 
the sample and observing the appearance and disappearance of the martensitic variants, a 
measure of the transformation temperatures of the film can be obtained. Transformation 
temperatures of films obtained using this method are shown in Table 1. Not all samples are 
included in Table 1 since some samples did not undergo any visible transformation even when 
cooled to 5°C, the limit of the cooling stage used in this experiment. All samples where this was 
Figure 4: Representative DIC optical micrographs of a 





the case were annealed at temperatures above 660°C. This suggests that the transformation 
temperatures of the surface of the films annealed at elevated temperatures may be below room 
temperature. It has been reported [18] that the transformation temperatures of NiTi are a strong 
function of composition with Ti-rich samples having higher transformation temperatures and 
decreasing with decreasing Ti content. The effect of annealing temperature on the transformation 
temperatures for samples annealed for 5 minutes is shown in Fig. 5. This trend of decreasing 
transformation temperatures with increasing annealing temperature is attributed to the change in 
matrix composition and was observed for longer annealing times as well (not shown). The effect 
of annealing time on the transformation temperatures of samples annealed at 560°C is depicted in 
Fig. 6 and also shows a decreasing trend.  
 
Figure 5: Transformation temperatures vs. annealing temperature for films annealed for 5 minutes. Measured through 
in-situ temperature dependent optical microscopy. Transformation temperatures could not be measured for samples 



















460 5 37.8 39.6 37.2 33.2 
460 30 42.2 46.8 42.4 34.5 
460 60 42.1 46.6 42.6 35.1 
560 5 42.5 44.7 41.2 33.3 
560 30 37.9 42.2 36.9 32.9 
560 60 26.4 31 25.9 20.8 
660 5 27.4 32 26.4 19.2 
 
 
Figure 6: Transformation temperatures vs. annealing time for films annealed at 560°C. Measured through in-situ 
temperature dependent optical microscopy. Transformation temperatures could not be measured for samples annealed at 
760°C.  
Since the solubility limit of Ti in NiTi is nearly constant with temperature, the driving force for 
diffusion for all annealing parameters is similar. Increased annealing time and temperature would 
allow for greater diffusion within the Ti-rich samples which could lead to greater precipitation 
and thus a decrease in the Ti content of the matrix accompanied by the observed decrease in 





however, were nearly constant with annealing time, suggesting that the diffusion rate at this 
temperature is too low to have a significant effect on the matrix composition. 
It should also be noted that for the annealing parameters considered in this study, the precipitate 
shape and size does not seem to have a significant effect on the transformation temperatures of 
the samples.  Ishida et al. [19] have reported significant increases in the transformation 
temperatures of Ti-rich NiTi thin films with annealing time. However, their experiments were 
performed for much longer times, from 1 hour to 100 hours, and only spherical NiTi2 precipitates 
were observed. Initial diffusion and precipitation rates are high due to the Ti content being 
greater than the solubility limit in NiTi and are expected to decrease with time and cause the 
matrix Ti composition to decrease quickly at first. Thus, as observed, the effect of matrix 
composition should be stronger for shorter annealing times and have less of an effect for 
extended heat treatments. 
2.4.3 Transformation Temperature ­ XRD 
In-situ temperature dependent x-ray diffraction was also used to determine the transformation 
temperatures of the annealed films. The growth and decay of diffraction peaks with temperature 
signify changes in the phase of the material. Transformation temperatures obtained using this 
method are shown in Table 2. As observed in the optical transformation temperature 
measurements, some samples were not transformed even when cooled to 5°C and thus 
transformation temperatures were not obtained for these samples. Since the x-rays are known to 
penetrate the entire thickness of the film, it can be concluded that no transformation is occurring 
for these films. XRD spectra taken at room temperature for samples annealed for 5 minutes are 
shown in Fig 7. Although no transformation was observed during cooling to 5°C, the existence of 





annealed samples suggests that increased driving force through further cooling could trigger the 
transformation to martensite. The growth of the austenitic peaks with increasing annealing 
temperature also signifies a decrease in transformation temperature with annealing temperature. 
Spectra for samples annealed at 560°C show a similar trend with time as shown in Fig. 8. Similar 
to the temperatures measured through optical microscopy, the XRD transformation temperature 
measurements show a decreasing trend with both time and temperature which is attributed to the 
change in matrix composition with precipitate growth.  












460 5 43.0 45.8 39.0 33.2 
460 30 41.9 45.8 37.9 32.7 
460 60 44.2 47.2 39.0 34.4 
560 5 45.6 49.8 40.0 34.3 
560 30 39.2 43.8 36.8 33.5 
560 60 31.2 37.5 29.6 25.5 
660 5 32.4 36.6 29.1 24.4 
 
 
Figure 7: XRD spectra for films annealed for 5 minutes at various temperatures. Note growth of austenitic peaks (42.8°, 






Figure 8: XRD spectra for films annealed at 560°C for various times. Note growth of austenitic peaks (42.8°, 61.8°) and 
decay of martensitic peaks with increasing annealing time. Spectra shifted for clarity. 
2.4.4 Transformation Temperature – Surface and Volume 
While the two methods described above are measuring the same phenomenon, there are 
differences between the two measurements, most notably that the optical method only captures 
transformations occurring at the surface of the film whereas the XRD method captures the 
transformation occurring throughout the thickness of the film. X-rays are known to be 
penetrating the entire thickness of the films since a diffraction peak from the silicon substrate is 
observed for large-range scans. Figure 9 and Fig. 10 show transformation temperatures for films 
annealed at 560°C and films annealed for 5 minutes, respectively, measured using both the XRD 
and optical methods. Comparing the transformation temperatures, it is clear that both are 
showing the same trend of decreasing transformation temperature with annealing temperature 
and time. Transformation temperatures measured using the optical method, however, are 






Figure 9: Transformation temperatures of samples annealed at 560°C as a function of time. Comparison between XRD 
and optical methods. Austenitic start (As) and martensitic start (Ms) omitted for clarity. 
 
Figure 10: Transformation temperatures of samples annealed for 5 minutes as a function of annealing temperature. 
Comparison between XRD and optical methods. Austenitic start (As) and martensitic start (Ms) omitted for clarity. 
Transformation temperatures could not be measured for samples annealed at 760°C. 
It has been shown by Wu et al., [20] that a residual stress gradient is formed through the 
thickness of annealed NiTi thin films with a larger residual stress existing at the film-substrate 





temperatures to change. Thus, due to the stress gradient in the film, the transformation 
temperatures are expected to vary in the thickness direction. Since increases in stress cause 
increases in transformation temperatures, parts of the film closer to the film-substrate interface 
would exhibit higher transformation temperatures than the film surface. Indeed, it is observed 
that, on average, the transformation temperatures of the volume of the film (XRD) are a few 
degrees higher than those measured using optical methods.   
2.4.5 Mechanical Response 
As described previously, the transformation temperatures of SMAs have a significant effect on 
their response to loading. Depending on the initial structure of the film, the deformation induced 
by the indenter can be accommodated by different mechanisms. Films that are martensite at 
room temperature accommodate the indentation through elastic deformation of the martensite, 
de-twinning, and plastic deformation of the martensite. The residual imprint left in the sample 
after the tip is retracted is the deformation accommodated by de-twinning and plasticity. Films 
that are austenitic at room temperature accommodate the deformation initially by elastic 
deformation of the austenite, the stress induced phase transformation to martensite, followed by 
elastic and plastic deformation of the martensite. Plastic deformation of the austenite can also be 
induced depending on the level of stress required to cause the austenite to martensite phase 
transformation. For these films, the residual imprint is the deformation accommodated by 







Figure 11: Optical micrograph of residual impressions from 1μm and 100nm (inset) deep indentations on annealed NiTi 
film before heating. Films annealed at 460°C for 5 minutes. 
Figure 11 is an optical micrograph of indentations made in a martensitic film which was 
annealed at 460°C for 5 minutes. The larger 3x3 array is a set of 1μm deep CSM indentations, 
while the smaller array (inset) consists of nine, 100nm deep basic indents. Surface relief typical 
of martensite is also visible over the entire film surface.  
 
Figure 12: Representative load-displacement curves for 100nm 
indentation in annealed films. Note smaller residual indentation 





Figure 12 shows representative load-displacement curves for 100nm basic indentations into 
martensitic and austenitic films. Arrays of both 100nm basic and 1μm CSM indentation tests 
were performed on all samples. The resulting indentation modulus and hardness of the films as a 
function of annealing temperature are shown in Fig. 13. An increase in both indentation modulus 
and hardness with annealing temperature is observed for all annealing times and is attributed to 
the decrease in transformation temperatures with annealing time. As the forward transformation 
temperatures drop below room temperature, the room temperature phase changes from 
martensite to austenite. The presence of austenite, a stiffer and harder phase, results in the 
observed changes. 
 
Figure 13: Modulus and hardness of films annealed at various temperatures and times. 
Aside from the modulus and hardness of the films, a number of additional parameters of interest 
can be calculated directly from the load-displacement curves. The displacement at zero load on 
the unloading curve gives a measure of the indentation depth remaining in the surface after 
removal of the indenter tip. The greater depth recovery upon unloading for the high-temperature 





suggests that while not observed under cooling, the martensitic transformation does occur in this 
material. The reverse transformation from martensite to austenite, which occurs in the course of 
unloading for austenitic films, allows the films to recover a greater amount of the induced 
deformation prior to heating. 
Additionally, the area within the load-unload curves represents the energy dissipated during the 
indentation. This value can be used to determine the dissipated energy ratio which is defined as 
the dissipated energy divided by the total energy input, the total area under the loading curve. For 
a martensitic film, energy dissipation is caused by plastic deformation as well as de-twinning. 
For an austenitic film, energy dissipation is caused solely by plastic deformation since any 
deformation accommodated by phase transformation is recoverable upon unloading.  
 
Figure 14: Dissipated energy ratio vs. annealing time at various temperatures. Note reduced dissipation for higher 
temperature heat treatments due to austenitic struture. 
The dissipated energy ratio for films annealed at various temperatures is shown in Fig. 14. The 
films annealed at lower temperatures, 460 and 560°C, show a large dissipated energy ratio of 





0.6. This drop is considered to be due to the change in transformation temperatures of the films. 
Since more energy is recovered in austenitic films due to the superelastic effect, they are 
expected to dissipate less energy during indentation. However, not all of the samples annealed at 
660°C exhibit the low dissipated energy ratio. The sample annealed for 5 minutes shows a ratio 
indistinguishable from the films annealed at 460 and 560°C. This is also the only film annealed 
above 560°C that shows any martensite at room temperature. The dissipated energy ratio is 
observed to be strongly related to the room temperature phase of the material and nearly constant 
for each phase. 
2.4.6 Recoverable Depth 
In addition to the material and shape memory properties derived from the indentation load-
displacement curves, further characterization of the films can be achieved through a coupled 
nanoindentation-AFM experiment to determine the recoverable depth. Cross-section AFM scans 
of an indentation in a martensitic film before and after heating are shown in Fig. 15 and show 
clear depth recovery.  
 
Figure 15: Cross-section of typical AFM scan of indentations in a martensitic film before and after heating showing depth 





Figure 16 shows the effect of annealing temperature on the depth recovery ratio of films 
annealed for 5 minutes. A clear downward trend in recovery ratio is seen with increasing 
annealing temperature. This trend is due to a combination of effects including the shift in 
transformation temperatures as well as the change in precipitate shape as described in previous 
sections. Annealing at 460°C produces a fully crystalline, fully martensitic film with GP-zones 
rather than spherical precipitates. This combination produces the greatest level of depth recovery 
upon heating since the entire film is viable shape memory material and since GP-zones have 
been shown to inhibit plastic deformation. Thus the film is able to accommodate large 
transformation strains before reaching plasticity.  
 
Figure 16: Recovery ratio as a function of annealing temperature and time. Error bars denote standard error. 
As discussed in previous sections, as the annealing temperature of the films is increased a drop in 
transformation temperatures and a transition toward larger, spherical precipitates occurs. A 
decrease in transformation temperatures can have the effect of increasing the critical stress for 
inducing martensite as depicted in Fig. 1, however, for films that are martensitic at room 





annealed at 560°C compared to the 460°C case is attributed to the transition from GP-zones to 
spherical precipitates which have been shown to allow for greater plastic deformation. 
Considered in the context of Eq. 6, the decrease in recovery ratio at this temperature would be 
due to a decrease in Ypl rather than an increase in Ymr.   
The presence of austenite in films annealed at higher temperatures, 660 and 760°C, contributes to 
the further reduction in recovery ratio. The austenite in the films is not viable for the shape 
memory effect at room temperature and thus cannot contribute to the recovery of the indentation 
depth upon heating. In addition, the increase in the critical stress for phase transformation with 
decreasing transformation temperatures for the austenitic films could have the effect of 
increasing the amount of plasticity induced during indentation. Thus, the further decrease in 
depth recovery for the 660 and 760°C cases is attributed primarily to the increase in Ymr. The 
forward transformation temperatures of the 660°C sample are close to room temperature which 
suggests a low stress to induce the phase transformation. The 760°C sample, however, did not 
transform even when cooled to 5°C. This suggests a significantly higher critical stress for 
transformation as expressed by Eq. 3. The dependence on Ypl for lower temperature anneals and 
Ymr for higher temperature anneals agrees qualitatively with the observations by Kajiwara et al. 
[15] that the critical stress for slip in sputtered Ti-rich NiTi films is a decreasing function of heat 






Figure 17: Percentage of deformation accommodated by different mechanisms for films annealed for 5 minutes. 
The fractions of the induced deformation accommodated by the different mechanisms are shown 
in Fig. 17 as a function of temperature. As expected, amongst the martensitic films, the 560°C 
samples show greater plastic deformation than the 460°C samples while amongst the austenitic 
films, the 760°C samples shows greater plastic deformation than the 660°C samples due to the 
increase in Ymr. Overall, the thermally induced recovery decreases with annealing temperature 
due to the change in the room temperature phase from martensite to austenite. The elastic and 
superelastic deformation increases for the 660°C case due to the added deformation 






Figure 18: Percentage of indentation deformation accommodated by different mechanisms as a function of annealing time 
at 460°C. 
The effect of annealing time on the depth recovery ratio is also shown in Fig. 16 for films 
annealed at 460°C and shows a trend of decreasing depth recovery with increasing annealing 
time. In this case, however, all of the films are martensite at room temperature. Thus, the stress 
required for phase transformation and the percentage of viable shape memory material in the 
films are not expected to differ significantly between samples. Rather, the decrease in recovery 
ratio with annealing time is expected due to the effects of the precipitates within the grains. The 
strengthening effect of the GP-zones created at lower annealing temperatures increases the 
critical stress for slip which results in larger depth recovery. As the films transition toward 
spherical precipitates this strengthening effect lessens, decreasing Ypl and reducing the depth 
recovery.  
The fractions of the induced deformation accommodated by the different mechanisms for the 
samples annealed at 460°C are shown in Fig 18. The low level of plastic deformation is clearly 
seen for the film annealed for 5 minutes due to expected strengthening by the GP-zones. The 





the level of thermally induced recovery begins to decrease. This decrease in thermally induced 
recovery could be attributed to increased Ymr due to limited growth of martensitic variants in 
films with spherical precipitates.  
Similar trends were observed for films annealed at 660 and 760°C as a function of time and for 
films annealed for 30 and 60 minutes as a function of temperature (not shown). With overall 
decreases in the transformation temperatures with increasing annealing time and temperature, the 
stress required to induce the transformation keeps increasing. This results in first, a transition 
between shape memory and superelastic responses, and second, increases in the level of 
plasticity experienced by the films and decreases in the depth recovery ratio.  
2.5 Conclusion 
The effects of heat treatment temperature and time on the resulting mechanical and shape 
memory properties of Ti-rich, amorphous NiTi films have been examined. The heat treatments 
resulted in both martensitic and austenitic films for different annealing parameters which 
demonstrates a significant shift in the transformation temperatures of the material. 
Transformation temperatures have been shown to decrease as a function of heat treatment time 
and temperature which is attributed to the development of GP-zones and spherical precipitates 
within the NiTi grains and the corresponding decrease in the Ti-content of the matrix. It has also 
been observed that matrix composition has a more significant effect than precipitate size and 
distribution for the shorter heat treatments performed in this study. The mechanical response of 
films under indentation revealed increases in the critical stress for slip for films containing GP-
zones as well as a step decrease in dissipated energy between martensitic and austenitic films. 
The results described above demonstrate that short term aging treatments are a viable mechanism 





3 Characterization  and  Prediction  of  Texture  in  Laser Annealed NiTi 
Shape Memory Thin Films 
3.1 Introduction 
Originally considered for use in bulk form, shape memory alloys have garnered enhanced 
interest as materials for use in micro-electromechanical (MEMS) devices due to their strong 
actuating force and large displacement capabilities [1]. Particular emphasis has been placed on 
the use of shape memory alloys in thin film form to create active and passive MEMS devices due 
to their reduced thermal mass and thus decreased response time. The use of these materials, 
however, requires careful control over their composition, microstructure, and mechanical loading 
which can all significantly affect their shape memory responses.  
Various methods have been proposed and investigated for adjusting or enhancing the properties 
of shape memory materials from furnace annealing to laser crystallization. These methods have 
shown the ability to adjust phase transformation temperatures as well as the level of available 
shape memory recovery through changes in matrix composition, stress, and microstructure. One 
shape memory material, near-equiatomic Nickel Titanium (NiTi), has been the focus of a large 
portion of these types of investigations. NiTi has been used as an actuator in applications ranging 
from micro-grippers to micro-valves and is of particular interest due to its strong shape memory 
response and biocompatibility [1,2].  
Examples of recent work on NiTi include the use of furnace annealing to adjust the 
microstructure of bulk SMA to control phase transformation temperatures by Ishida et al. [3] as 
well as the current authors [4] and the use of laser crystallization to control phase transformation 
temperatures through changes in film stress by Birnbaum et al. [5]. Furthermore, significant 





well as modeling of the shape memory response [6,7,8]. One aspect of these materials that has 
not yet been optimized, however, is their preferred orientation or crystallographic texture. 
Deformation of single crystal shape memory samples by Gall et al. [9] has shown that the shape 
memory response is anisotropic with certain orientations exhibiting superior shape memory 
properties. Texture in bulk shape memory materials caused by rolling processes has also been 
shown to produce anisotropic SMA sheets [10].  While both single crystals and rolled sheets 
have been shown to enable anisotropic SMA responses, these materials are not practical for use 
in MEMS devices. Thin films are easily deposited using equipment typically used in MEMS 
device fabrication and have the added advantage of enhanced actuation frequencies due to their 
larger surface to volume ratios. These observations suggest that the shape memory properties of 
thin film SMA could be further enhanced by tailoring the crystallographic texture to specific 
applications. Tailored microstructures could conceivably enhance film homogeneity or enable 
stronger, anisotropic shape memory responses for complex actuation applications.  
The introduction of crystallographic texture into thin films has been achieved in various 
materials using many different processes. High-temperature deposition of films has been shown 
to produce strong fiber textures in NiTi and Cu films among others [7,11]. Another process for 
introducing textures in thin films is laser melt crystallization using excimer laser irradiation.  It 
has been shown to enhance the fiber textures in Cu, Al, Si, and GaAs films [12-15] and through 
careful processing, the ability to impart in-plane textures in Cu [16]. While both methods have 
demonstrated the ability to induce textures, a significant advantage of laser crystallization 
compared to high-temperature deposition or furnace annealing is the spatial resolution that can 





In this study, the effects of excimer laser processing on the crystallographic texture of sputtered 
NiTi shape memory thin films are examined through the use of electron-backscatter diffraction 
and x-ray diffraction. Texture evolution is described using surface energy considerations in 
abnormal grain growth during film solidification. A 3-dimensional Monte Carlo model is 




The use of a homogenized laser source and mask imaging to melt thin films allows for precise 
control over the induced melt depth and temperature profile. The small absorption depth of UV 
light in metals causes the overwhelming majority of the laser energy to be absorbed by the film 
rather than the substrate. At sufficient laser intensities, a portion or the entire thickness of the 
film can be melted. Due to limited heating of the substrate the primary mode of heat dissipation 
is conduction through the substrate and subsequent solidification occurs vertically from the 
remaining solid portions of the film or the substrate surface. In addition, due to the large 
processing area and homogenous energy distribution, heat flow can be considered to be nearly 
one-dimensional over most of the processed geometry.  
One effect of this configuration is the stabilization of the liquid-solid interface to fluctuations. 
Solidification of a laser-melted film on a cool substrate can be represented by the thermal 
gradient being positive in the direction of growth. This causes the interface to become stable as 
protrusions in the interface encounter higher temperatures farther into the liquid and their growth 
slows. Growth of a solid into an undercooled liquid, on the other hand, can result in a dendritic 





congruent transformation between liquid and solid, no solute partitioning is expected to occur 
during solidification and thus constitutional supercooling is not a factor in destabilizing the 
interface [17]. Thus, the solid-liquid interface during laser-induced rapid solidification of NiTi is 
expected to be planar in geometry. The textures generated by dendritic and planar growth will 
differ due to the varying mechanisms of growth. During dendritic solidification texture is created 
by the higher growth velocity of dendrites with preferred orientations. In cubic materials this 
generally results in a (100) normal texture.  
During planar growth, normal grain growth is dictated by the reduction of grain boundary energy 
causing grains of all orientations to grow isotropically without changing the overall film texture. 
In many cases, however, growth does not occur isotropically; the driving force is no longer only 
grain boundary energy but includes effects from various other considerations such as strain 
energy and surface energy. Many of these effects are anisotropic which causes them to promote 
the growth of certain grain orientations more than others. This leads to anisotropies in the growth 
rate and non-uniform grain sizes. This type of growth is termed abnormal grain growth. Through 
this mechanism, the enhanced growth rate of certain preferred orientations can then lead to an 
overall preferred orientation in the sample. 
3.2.2 Laser Crystallization 
Crystallization and grain growth in thin films through melt-mediated laser processing can be 
separated into three regimes as described by Im et al. [18]. In the partial melting (PM) regime a 
portion of the film is melted such that a solid layer remains on the substrate and grain growth 
occurs from the remaining solid-liquid interface. This growth occurs close to the melting 
temperature of the material since there is no need for nucleation which generally requires 





from the remaining grains, preserving their orientations. Strengthening of texture can occur in 
these films if anisotropies cause grains with preferred orientations to grow faster than others. 
In the complete melting (CM) regime the entire thickness of the film is melted and thus 
crystallization of these films requires first nucleation and then growth. The nucleation can occur 
either homogeneously within the film or heterogeneously at the substrate-liquid interface. 
Heterogeneous nucleation on the substrate can induce a preferred orientation if interface energy 
effects lead to greater nucleation of seeds of a particular orientation. In the near-complete 
melting regime the majority of the film is melted while a small number of solid seeds remain on 
the substrate. Texture generation in this regime is caused by the anisotropy in the growth velocity 
of the remaining seeds as well as any preferred orientation within the nucleated grains. 
Experiments performed within this study are limited primarily to processing within the partial 
melting regime and thus textures are thought to form through anisotropies during epitaxial 
growth from the remaining solid layer. 
3.3 Experimental Setup 
1µm thick Ni-rich NiTi samples were deposited on silicon substrates over a 1µm ultra-low 
residual stress Si3N4 barrier layer. This barrier layer is used to limit the formation of silicides at 
the film-substrate interface. The films were deposited through magnetron sputter deposition of a 
NiTi alloy target and a pure Ti target whose powers were tuned to achieve the desired 
composition. Further details on film deposition are described in Lee et al. [19]. The final 
composition of the films was 49.6 at% Ti-Ni as determined through energy dispersive x-ray 
spectroscopy. The deposition was performed at room temperature which results in an amorphous 
structure and films were annealed in a vacuum tube furnace at 460°C for 5 minutes in order to 





Laser crystallization of the samples was performed using a XeCl excimer laser at a wavelength 
of 308nm. A projection mask system was used to selectively irradiate areas of the film with 
320µm or 1.2mm square spots. The beam was homogenized in order to maintain uniform energy 
density within each processed region. Laser processing was performed at various energy 
densities between 533 and 1333mJ/cm2 at ambient temperature in air. Large area processing for 
x-ray diffraction analysis was also performed by translation of the sample under the laser beam 
creating an array of single pulse irradiated regions. In-situ transient reflectance measurements 
were performed on the samples during irradiation to determine the melt-duration using a HeNe 
laser probe. 
Following laser crystallization samples were characterized using x-ray diffraction (XRD) in 
order to determine the phases and texture of the films. Use of Ni-rich films typically results in 
transformation temperatures below room temperature. All films were confirmed to be austenitic 
at room temperature which allows for all XRD measurements to be performed at room 
temperature for texture analysis. Electron backscatter diffraction (EBSD) measurements of films 
were also performed on annealed and laser processed samples. Samples were etched using a 
mixture of 2mL HF, 6mL HNO3, and 92mL H2O (Kroll’s reagent) applied with a cotton swab for 
15 seconds prior to EBSD measurements to remove the oxide layer from the top surface. EBSD 
measurements were performed at an accelerating voltage of 25kV and a working distance of 
10mm at resolutions of 0.25 to 1µm. Differential interference contrast (DIC) optical micrographs 
of samples were also taken in order to confirm the grain sizes observed through EBSD.  
3.4 Numerical Simulation 
In order to model grain growth within the film during solidification in the partial melting regime 





models have been used to determine solid phase grain growth during annealing processes for 
some time, more recently, they have been used to model abnormal grain growth as well as 
deposition processes [20,21]. These advancements require reworking the traditional Monte Carlo 
process as well as the consideration of energy anisotropies between grains. A brief overview of 
the Monte Carlo process is included below while emphasis has been placed on the extension to 
3-dimensional growth developed by the authors. 
3.4.1 Single Layer Monte Carlo 
 
Figure 1: Schematic representation of grains within 2-dimensional Monte Carlo model. Orientation of each node is 
represented by an integer number between 1 and 24. Each node represents a 1.33µm square area. Connected nodes with 
identical orientations represent grains. Grain boundaries (solid lines) separate nodes with different orientations and are 
added for clarity. 
Similar to most 2-dimensional Monte Carlo models, this model is structured around a mesh with 
each node representing a small area of material. The mesh is a 500x500 element array with each 
node representing a 1.33µm square area. The orientation of each node is represented by an 
integer number between 1 and 24 and contiguous areas with the same orientation represent 
grains. A schematic representation of a typical 2-dimensional Monte Carlo model is shown in 
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where egb is the grain boundary energy, esi is the surface energy, and δsisj is the Kronecker delta 
function. For each neighbor that is a different orientation than the current node, one unit of grain 
boundary energy is added. A surface energy component, esi, is also added to the total node 
energy. Since surface energy values for NiTi were unavailable, typical values for a base-centered 
cubic (BCC) structured metal were obtained from Zhang et al. [22] for 24 separate orientations. 
The values used in the model are shown in Fig. 2 and significant orientation dependence can be 
observed with a minimum occurring for the (110) orientation.  
 
Figure 2: Surface energies for various orientations for typical base-centered cubic metal. Note significant anisotropy and 
minimum surface energy for (110) normal orientation. 
Grain growth is modeled by attempting to reorient randomly chosen nodes such that their overall 
energy is decreased. Each Monte Carlo Step (MCS) represents a series of reorientation attempts 
equal to the total number of nodes in the mesh. During each re-orientation attempt the initial and 





orientation respectively into Eq. (1). The probability of each reorientation occurring is then 
determined using the metropolis transition function 
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 (2)  
where ΔG represents the change in energy caused by the change in orientation and T is the 
temperature of the solid surface. The inclusion of anisotropic surface energy in the overall node 
energy causes specific orientations to have, on average, lower energies. As a result, the 
probability of switching to those orientations is greater which causes surface energy induced 
abnormal grain growth to occur.  
3.4.2 3­Dimensional Growth 
Unlike solid-phase grain growth models where the amount of solid material is constant, during 
solidification new material is continually being added to the solid surface. Thus, in order to 
model grain growth due to solidification a multi-layer Monte Carlo method is adopted. This 
method employs multiple 2-dimensional Monte Carlo models run consecutively, each 
representing a layer of new material that has solidified onto the existing surface and is similar in 
principle to models developed by Srolovitz [21] and Jung et al. [23]. Within each layer the model 
is run in the traditional fashion as described above for one Monte Carlo step (MCS). The initial 
orientation of each node of the new layer is considered to be the same as in the preceding layer.  
In order to determine the thickness of each layer the scaling factor between Monte Carlo steps 
and melt depth must be determined. Using first-order interface kinetics the flux of atoms arriving 
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Where nal is the number of atoms per unit area in the liquid phase, ν is the jump frequency, GA is 
the activation energy required to perform the jump, kb is the Boltzmann constant, and T is 
temperature. The flux in the reverse direction, from the solid to the liquid is written as 
 ܫݏ՜݈ ൌ ݊ܽݏߥ݁
ቀെܩܣ൅Δܩܽݐ݋ܾ݉݇ܶ
ቁ (4)  
Where nas is the number of atoms per unit area in the solid phase, and ΔGatom is the change in 
free energy due to the movement of one atom from the solid to the liquid. The net flux between 
the solid and liquid phases is the difference between Eq. (3) and Eq. (4). For simplicity we 
assume that nal and nas are equal. The net flux is then multiplied by the atomic volume, Ω, which 
results in an interface velocity 






቉ (5)  
Within each Monte Carlo step, each 1.33µm long element must be consumed by grain growth. 
Since each layer of the model is 2-dimensional, the velocity from Eq. (5) is considered to be the 
velocity at which solidified islands grow within the plane of the film. Using this velocity the time 
required to complete each Monte Carlo step can be calculated. The experimentally determined 
melt duration can then be used to determine the required number of Monte Carlo steps to achieve 
solidification of a similar thickness. A similar methodology is described by Raabe [25] using 
grain boundary mobility to determine the scaling factor. Figure 3 shows typical transient 
reflectance data obtained during melting of a 1µm thick NiTi film. The total melt duration is on 





finite element Fourier heat flow analysis (not shown) solidification is seen to start 100ns after the 
pulse thus a solidification time of 150ns is used to represent solidification of 1µm of material. 
 
Figure 3: Transient reflectance measurement during laser processing of a single 320µm square area near the complete 
melt threshold. Reflected signal from 632nm HeNe laser source. Note melt duration of about 250ns. 
The initial grains for the model are grown using an isotropic Monte Carlo grain growth model 
which is nearly identical to the anisotropic model except that it does not include considerations 
for surface energy. Orientations are randomly assigned to each node in the mesh and the 
isotropic Monte Carlo model is then run until the desired initial grain size is achieved. A flow-






Figure 4: Flow Chart for Monte Carlo (MC) Model. Both isotropic and anisotropic models depicted. Isotropic model run 
first to set up initial grains for anisotropic model. Isotropic model neglects surface energy. Anisotropic model sets surface 
energy to be a function of orientation as shown in Fig. 2. 
3.5 Results and Discussion 
In order to determine the initial grain size of the material, the as-annealed samples were etched 
using Kroll’s reagent and observed under both optical microscopy and EBSD. Figure 5 is an 
optical micrograph showing the etched film surface. A distribution of grain sizes can be seen 
with the larger grains being on the order of 10µm in diameter. An EBSD grain map is shown for 
comparison in Fig. 6 where grain boundaries are defined as locations where the misorientation 





are very similar to those observed optically and which suggests that the chosen misorientation 
angle is appropriate. While both measurements show nearly equiaxed grains, it should be noted 
that they only characterize the surface of the films. The actual film thickness is only 1µm, 
significantly smaller than the observed grain diameters, and thus the grains are much larger in the 
in-plane directions than they are in the normal direction. This type of grain shape is common and 
has been reported for many solid phase crystallized NiTi films [26].   
 
Figure 5: DIC Optical Image of furnace-annealed sample etched using Kroll's reagent. Note maximum grain size on the 
order of 10µm. Clear delineation between adjacent grains. Distribution of grain sizes is also observed. 
 
Figure 6: EBSD grain map of furnace annealed sample. Grain boundaries (solid lines) are shown where adjacent 
measurements have a misorientation angle of 10° or more. Grain shapes and sizes comparable to those observed through 
optical microscopy. 
Figure 7 shows the XRD spectra from the as-annealed sample as well as one for the as-deposited 





indexed to austenitic NiTi. The largest peak, at 2θ=42.8° is from the (110) orientation, while the 
other peaks at 2θ=61.9°, 78.1°, 93.3°, and 108.7° are from the (200), (211), (220), and (310) 
orientations respectively. The intensities of these peaks are observed to be in slightly different 
ratios than those from powder diffraction measurements which suggest that there may be a slight 
texture in the as-annealed samples. The as-deposited amorphous film shows a typical amorphous 
spectrum with a single broad peak. Since grains in annealed, amorphous NiTi are known to span 
the entire thickness of the film and within this study laser-crystallization experiments are 
performed almost exclusively under the partial melting regime, the observed grain size and 
texture are considered to be representative of the remaining solid layer irrespective of the melt 
depth. 
 
Figure 7: XRD spectra for (a) as-annealed and (b) as-deposited film obtained at room temperature. Note amorphous 
structure for as-deposited film and austenitic peaks for annealed sample. 
3.5.1 Surface Texture Characterization 
Figure 8a shows a representative EBSD map of a processed film with Euler angle coloring 
covering an area of 100µm by 50µm. As above, grain boundaries are added at positions where 





identified during post-processing of the EBSD data can be seen to accurately separate areas with 
different orientations while maintaining a grain size distribution similar to that observed 
optically. Some isolated points do show orientations that are significantly different from their 
surroundings and are considered to be caused by surface defects or contamination within the film 
and to have little effect on the observed texture.  Figure 8b is an inverse pole figure for the 
surface normal orientation which shows evidence of a (110) preferred orientation in the sample. 
As shown in Fig. 2, the (110) orientation has the lowest surface energy in BCC materials which 
can causes preferential growth of (110) oriented grains as the film solidifies and results in an 
increase in the area fraction of those grains. It should be noted that, since EBSD measurements 
are only affected by a thin surface layer of the film, unlike the solid phase crystallized films the 
observed texture is considered to be representative of only the top surface of the film and not the 
underlying volume. It will be shown, however, that an overall (110) normal texture is created in 
the samples through XRD measurements. 
 
Figure 8: (a) EBSD map for normal direction of film processed at 909mJ/cm2 with Euler angle coloring. Grain boundaries 
(solid lines) are shown where adjacent measurements have a misorientation angle of 10° or more.  Inverse pole figure (b) 
showing slight (110) texture normal to the film surface. 
Figure 9 shows the same sample with grains of specific orientations highlighted, (100) for (a) 
and (110) for (b). Qualitatively it can be seen that (110) oriented grains are on average larger and 
more prevalent than those near the (100) orientation. It should be noted here that the multiplicity 





of the (110) orientation thus the highlighted grain area will be skewed toward the (110) even in 
randomly oriented samples. The observed differences, however, do suggest some preferential 
growth of (110) oriented grains which will be quantified using x-ray diffraction. Sections of an 
orientation distribution function (ODF) are shown in Fig. 10 with each pane having a constant 
value of ϕ2 where ϕ1, Φ, and ϕ2 are Euler angles in the Bunge convention. The highest peaks in 
the ODF are at Φ=45°  for ϕ2=0, 90° and near Φ=90° for ϕ2 near 45°. No significant dependence 
on ϕ1 is observed. Both of these orientations signify (110) normal orientations in cubic materials. 
The lack of dependence on ϕ1 indicates that the grains are randomly oriented in the in-plane 
directions. This is consistent with the solidification mechanism being vertical epitaxial regrowth 
from randomly oriented grains. The change in texture should only be in the surface normal 
direction due to abnormal in-plane grain growth.  
 
Figure 9: EBSD maps of sample processed at 909mJ/cm2 with different surface normal grain orientations highlighted. (a) 
(100) and (b) (110). Note overall larger grain size and greater density of (110) oriented grains. Multiplicity factor of (110) 






Figure 10: Orientation Distribution Function (ODF) for processed film showing peaks at Φ=45° for ϕ2=0,90° and Φ=90° 
for ϕ2 near 45° suggesting (110) preferred orientation. Note lack of dependence on ϕ1 indicating random in-plane 
orientation. ϕ1, Φ, and ϕ2 are Euler angles defined in the Bunge convention. 
As described above, in the Monte Carlo model the number of Monte Carlo steps performed is 
proportional to the melt depth. By using an activation energy, GA, for Nickel of 9.15e-20 
J/molecule [27] and the heat of fusion of NiTi as 31.6 kJ/mol [28], the number of Monte Carlo 
steps required to model solidification of a 1µm film was determined to be nine. For partially 
melted films grain growth occurs from the surface of the remaining solid material. Since solid 
phase crystallization of amorphous NiTi films has been shown to produce randomly oriented 





be independent of melt depth and the grain orientations random. Different melt depths can be 
modeled by varying the number of Monte Carlo steps included in the model. Nickel was chosen 
to represent NiTi for the activation energy since it shares the same BCC structure.  
 
Figure 11: Surface grain map derived from anisotropic Monte Carlo simulation after nine Monte Carlo steps. Colors 
denote different surface normal orientations. Note grain shape and size distribution comparable to those observed 
experimentally through EBSD (Fig. 6, Fig. 8a). 
Figure 11 is a surface grain map derived from the Monte Carlo model after nine Monte Carlo 
steps where each color represents a different normal orientation. In-plane grain shapes are 
generally equiaxed and both small and large grains are observed. Overall, the morphology and 
size of the grains is similar to what is observed experimentally in Fig. 5 and 6 with the larger 






Figure 12: (110) and (200) oriented grains at (a) first Monte Carlo step (MCS) and (b) final MCS of the anisotropic Monte 
Carlo model. Growth of grains is observed for grains with low surface energy orientation (110). Grains with higher 
surface energy (200) decrease in size or disappear as number of MCS increases due to occlusion. 
Figure 12 shows grain maps of selected orientations, (110) and (200), after the initial and final 
Monte Carlo steps of the anisotropic model. As a whole, (110) oriented grains can be seen to 
grow in size during the course of the model. (200) oriented grains generally decrease in size with 
some disappearing completely by the final Monte Carlo step. This is due to the anisotropic 
growth rates captured by the model during solidification of the film. As seen in Fig. 2, the (110) 
orientation has one of the lowest surface energies of all the orientations included in the model 
while the (200) orientation has a much higher surface energy. Thus, during growth, the 
probability that an element will solidify with a (110) orientation is larger than the probability it 
will solidify with a (200) orientation. The complete disappearance of some grains is caused by 
occlusion by other, faster growing grains, likely with more preferred orientations. It should be 





and thus, while grains may disappear from the surface as the number of steps increases, the 
grains are not completely removed from the material. It is also noted that no evidence of 
nucleation is observed in the model. As shown in Eq. 2, there is a possibility that a reorientation 
can occur even if it does not produce a net decrease in free energy. The probability of this 
occurrence, however, is nearly zero for even small increases in energy.  
3.5.2 Through­Thickness Texture Characterization 
Compared to EBSD measurements, XRD measurements are considered to better represent the 
texture of the films as they pertain to shape memory applications since they measure the entire 
thickness of the film rather than just the surface layer. Deformation of thin film shape memory 
devices will generally not be limited to the surface of the film and thus characterization of the 
entire film thickness is critical to understanding the resulting mechanical response. Normalized 
XRD spectra for samples irradiated at different incident laser fluences are shown in Fig. 13. The 
three largest austenitic peaks, at 2θ=42.8, 61.9 and 78.1°, are chosen to represent the texture in 
each sample since the smaller peaks are typically small and cannot be accurately characterized 
for all processing parameters. For laser processed samples, overall diffraction intensities were 
found to decrease with increasing energy density while no significant new diffraction peaks were 
observed. This suggests that the overall diffracting volume may be decreasing or that an 
amorphous layer may be forming on the film. A decrease in the diffracting volume may be 
caused by defective growth due to the extremely high growth velocities experienced during 
solidification. At very high growth rates the lack of sufficient time for diffusion has been shown 
to cause the structure to be a metastable crystalline or even amorphous phase [6]. In addition, it 
is possible that a Ti oxide layer is forming on the top of the sample as observed in nearly all 





the XRD spectra. The lack of new peaks in the XRD spectra after processing suggests that the 
formation of new crystalline phases during solidification is limited.  
 
Figure 13: Normalized x-ray diffraction spectra for samples processed at various energy densities. Spectra shifted up in 
order of increasing energy density. Note shift in peaks toward higher 2θ angles with increasing energy density as well as 
peak broadening. Some amorphization of the material is considered to be occurring for highest energy density sample. 
In addition to the changes in peak intensities observed in the XRD spectra, peak shifts toward 
higher 2θ angles can be seen for all three diffraction peaks as energy densities increase. This 
signifies a decrease in d-spacing normal to the film surface caused by a likely increase in the in-
plane tensile stress within the film. This effect is thought to be due to the contraction of the film 
during solidification against the stiff underlying substrate which experiences very little 
temperature change. It has been observed that stresses within materials may cause abnormal 
grain growth in grains under a bi-axial stress state due to anisotropic strain energy densities [30].  
This is driven by the anisotropies in the biaxial modulus of the material. For NiTi, strain energy 
densities are minimized for grains with (100) normal texture and maximized for grains with 
(111) normal texture and thus a (100) texture would be predicted if strain energy were to have a 






Figure 14: Volume Fraction of grains with selected orientations from Monte Carlo simulation as a function of Monte 
Carlo steps (MCS). Note increase in volume fraction of low surface energy orientation (110) and decrease in volume 
fraction for high surface energy orientation (200). 
XRD intensity calculations were also performed using data derived from the Monte Carlo grain 
growth model. Figure 14 shows the change in volume fraction of selected orientations with each 
Monte Carlo step within the anisotropic model. A significant divergence of the volume fractions 
of different orientations can be seen; caused by growth using anisotropic surface energy effects. 
When considered in the context of Fig. 2, the preferable low energy orientations are seen to 
increase in volume fraction while the higher energy orientations are seen to decrease in volume 
fraction. Figure 15 shows the evolution of the XRD spectra calculated using the volume fractions 
from the Monte Carlo model. The XRD intensities for the three main diffraction peaks of the 
furnace annealed sample are used as the nominal intensities and are then weighted by the 
calculated volume fractions to determine the new intensities. The XRD intensities are seen to 
change in accordance with the surface energy anisotropy accounted for in the model. As the 
number of steps increases, the film encounters more vertical growth and abnormal grain growth 





peak shows a significant increase in intensity while the (200) peak shows some decline and the 
(211) peak remains fairly constant as the number of Monte Carlo steps increases. 
 
Figure 15: XRD spectra derived from Monte Carlo model volume fraction data for each Monte Carlo step (MCS). Good 
agreement with experimentally determined normalized spectra (Fig. 13). Note increase in intensity of (110) peak at 42.8°, 
decrease in intensity of (200) peak at 61.9°, and near-constant intensity for (211) peak at 78.1° 2θ with number of MCS. 
 
Figure 16: Intensity fraction vs. Monte Carlo steps (MCS) and Energy Density for Monte Carlo (MC) and experimental 
measurements respectively. Good agreement between model and experimental values for all but highest energy density 
sample. Highest energy density sample is considered to be in the near-complete melting regime. Error bars denote 






Figure 16 shows the fraction of the total x-ray diffraction intensity contributed by each of the 
three chosen orientations for both the experimental and numerical results. The error bars in the 
experimental results signify the standard deviation from four separate measurements. The 
intensity fraction from the (110) oriented grains increases monotonically while the intensity 
fractions for the (200) and (211) orientations decrease with both energy density and Monte Carlo 
steps. As described above, energy density and Monte Carlo steps (MCS) are related through 
considerations of melt depth. For the current model, nine MCS or an energy density of 
1333mJ/cm2 corresponds to a 1µm melt depth. The numerical XRD results can be seen to 
accurately predict the change in intensity fractions for the three chosen diffraction peaks with 
changes in energy density. As described above, surface energy anisotropies in BCC samples 
promote (110) textures while strain energy anisotropies promote (200) textures during grain 
growth. Thus, the observed trends are consistent with secondary grain growth in laser processed 
samples being dominated by surface energy rather than strain energy effects. 
While the agreement between the model and experimental results is strong for nearly all energy 
densities, experimental results at the highest energy density, 1333mJ/cm2, shows a stronger (110) 
texture than predicted by the model. This effect is believed to be caused by the film reaching the 
near-complete melting regime resulting in significant but not complete amorphization of the 
film. A wide peak in the same 2θ range as the amorphous peak in Fig. 7 is observed in Fig. 13 
for the film processed at 1333mJ/cm2 along with a sharp diffraction peak at 42.8° from the (110) 
orientation. It is considered that the fully melted areas of the film may be forming an amorphous 
structure rather than the equilibrium austenitic NiTi phase due to the exceedingly fast quench 
rate of the material. This would explain both the significantly increased peak width as well as the 





the film may be due to the enhanced growth rate of seeds with (110) orientation due to surface 
energy effects.  
3.6 Further Analysis 
Figure 17 shows a cross-section view of the growing grains within the film as described by the 
Monte Carlo model and consists of nine Monte Carlo steps stacked upon each other. In-plane 
growth of grains can be seen resulting a v-shaped grain structure with some grains growing 
larger and some getting smaller as the film grows. This type of structure is characteristic of 
abnormal grain growth during solidification. Grains which get larger as solidification progresses 
have preferred orientations with low surface energies. Shrinking and occluded grains represent 
those grains that are not preferred due to their high surface energies. The growth of preferred 
orientations and the reduction and possible disappearance of others is consistent with the 
proposed mechanism of texture formation and was observed in Fig. 12 as well.  
 
Figure 17: Sample cross-section from Monte Carlo model for nine Monte Carlo (MC) steps. Each color represents a 
different surface normal orientation while each cell represents a 1.33µm wide element from the MC mesh. Continuous 
areas with the same color represent grains. Note v-shaped columnar grain structure indicative of abnormal grain growth. 






Figure 18: Percentage change in average surface grain size as a function of Monte Carlo steps (MCS) and energy density 
for numerical and experimental results respectively showing increasing trend due to growth of preferentially oriented 
grains and occlusion of others. Grain size for highest energy density (1333mJ/cm2) not observed due to significant 
amorphization of film. 
Figure 18 shows the percentage change in average grain size as a function of energy density for 
experimental results and as a function of Monte Carlo steps for numerical results. The average 
grain size for the sample processed with the highest energy density (1333mJ/cm2) could not be 
determined due to partial amorphization of the film. The overall growth rates observed 
experimentally and through the model show reasonable agreement both in direction and 
magnitude with overall average grain sizes increasing with greater vertical growth due to 
occlusion of smaller, less preferred grains. As described above, for EBSD or optical 
measurements of grain size, occluded grains are no longer visible and do not contribute to the 
calculated grain size. Overall, the numerical model underestimates the average grain size when 
compared to the experimental results.  A possible explanation is that the actual surface energy 
anisotropy for NiTi is stronger than the typical BCC values used in the model. This would cause 
the lateral growth rate anisotropy to be underestimated by the model resulting in weaker 






Figure 19: (a) Optical micrograph of boundary between processed and unprocessed regions. Note significant roughening 
of processed regions due to step grain boundaries. (b) AFM cross-section shows significant change in surface roughness in 
processed region with adjacent grains having ~10nm height difference. 
The boundary between the processed and un-processed regions of the surface of a film as 
observed through DIC optical microscopy is shown in Figure 19a. The un-processed film surface 
is smooth with shallow and symmetric grain boundaries. The processed region, however, has a 
much rougher surface with significant surface relief observed between grains. This morphology 
suggests that certain grains grew at a faster rate during solidification from the solid-liquid 
interface or that the initial laser-induce melt depth was non-uniform and grain dependent. A 
cross-section profile obtained through atomic force microscopy is shown in Fig 19b and 





boundaries in the un-processed region of the film cannot be seen in the height profile; however, 
grain boundaries in the processed region are clearly visible and are on the order of 10nm in 
height. This represents a high energy grain boundary configuration that would not be expected to 
occur at equilibrium. It is possible that the enhanced growth rate of certain grains relative to their 
neighbors due to surface energy anisotropies could lead to greater growth in the vertical 
direction. Due to the high solidification rate of the film the grain boundaries may not have 
enough time to reconfigure themselves to their preferred, symmetric low-energy configuration. 
Nonetheless, the increased surface roughness does suggest a significant deviation from 
equilibrium during the solidification of the laser-processed regions. It should be noted that the 
Monte Carlo model developed in this work assumes a uniform vertical growth rate and thus does 
not predict roughening of the film surface after solidification. 
3.7 Conclusion 
In conclusion, it has been shown that the normal texture in crystalline Ni-rich NiTi thin films can 
be modified through melt-mediated laser processing within the partial melting regime. The 
extent of modification can be controlled through changes in the induced melt depth by changing 
the incident laser energy density. The strength of the (110) texture was shown to increase with 
increasing melt depth and is attributed to abnormal grain growth caused by surface energy 
anisotropies in BCC-structures materials. A 3-dimensional Monte Carlo grain growth model was 
developed to aid in predicting the resulting texture for different melt depths and was shown to 
accurately predict texture formation within the partial melting regime. Overall texture strength 
was limited, however, due to the amount of grain growth achievable within a 1µm thick film. It 
is considered that processing within the complete or near-complete melting regimes may allow 





above shows that laser crystallization is a viable mechanism for adjusting the preferred 
orientation of NiTi thin films and can be used to optimize films’ shape memory properties for 
specific applications. The Monte Carlo model developed in this work also allows for prediction 
of textures in partially melted NiTi films developed through surface energy induced abnormal 









Joining of dissimilar materials is performed in order to take advantage of specific attributes of 
each material to enhance the performance of a product or introduce new functionalities.  The 
need to join two different materials typically arises when one possesses an attribute that is 
required for functionality of the device but also has some inherent disadvantages such as 
increased cost or weight and thus cannot be used extensively. Some attributes of interest are 
corrosion resistance and biocompatibility, thermal and electrical properties, as well as 
mechanical properties such as Young’s modulus and hardness. In the case where one material is 
a smart material such as a shape memory alloy, specific attributes such as superelasticity or the 
shape memory effect may also be exploited. 
A number of dissimilar material joints have been successfully formed using various methods 
from fusion welding to diffusion bonding including metal-metal, metal-ceramic, and metal-
polymer joints [1] . Materials with good compatibility such as Cu and Ni can be joined using 
fusion processes while pairs that form phases with undesirable properties upon mixing are 
typically joined in the solid state [2] or with the aid of a non-reactive interlayer [3][4]. Dissimilar 
metal welding (DMW) of the bio-compatible materials stainless steel (SS) and the shape memory 
alloy Nickel-Titanium (NiTi) is of particular interest within the bio-medical industry due to the 
exceptional mechanical properties of NiTi and the low cost of stainless steel 316. This particular 
material pair, however, suffers from significant intermetallic formation after mixing which 
results in brittle joints which are unable to withstand handling and use [5]. A number of 





addition of alloying elements such as Cr and Ni found in SS and NiTi introduces further 
complexities in microstructure and phase formation. The dissimilar material pair between 
stainless steel and titanium alleviates some of these complexities by reducing the nickel 
composition from roughly 50 at% in the NiTi to only ~10 at% in the SS while still enabling the 
formation of Ti-Fe-based intermetallics.  
Traditional joining methods such as arc welding when applied to dissimilar material pairs have 
been found to introduce excessive amounts of heat resulting in the formation of large volumes of 
intermetallics [7]. Some success has been found through the use of laser welding due to its 
precise, localized heat input capabilities which allows for small heat affected zones, however, the 
joints still suffer from brittle intermetallic formation [8]. Li, et al. have used laser brazing to join 
NiTi and SS through the use of silver-based filler materials, however, the addition of filler 
materials during welding adds significant complexity to the process and the filler material is not 
able to achieve corrosion resistances comparable to the base materials [9]. Diffusion bonding, 
where two materials are pushed together at high pressure and temperature in the solid state for 
extended periods of time to form a bond, has shown some success but requires strict tolerances 
on surface flatness, significant time, and the ability to impart large stresses on the materials [10]. 
These requirements are increasingly difficult to achieve as devices are created at small length 
scales as found within bio-medical devices. Ultrasonic welding, which uses pressure and high-
frequency vibrations to create solid state joints, has been shown to produce strong welds in a 
number of dissimilar metal pairs but is limited to lap joints and can be difficult to perform on 
thick sections and on strong and hard materials such as Ti [11]. A robust fusion welding process 
for the NiTi-SS pair would allow for reliable and efficient formation of strong joints for bio-





of the microstructures and failure mechanisms observed in this material pair in the fusion 
welding regime. 
In this study the use of pulsed laser welding to join titanium to SS 316 is investigated through the 
use of energy-dispersive x-ray spectroscopy (EDX) and electron backscatter diffraction (EBSD) 
for compositional and microstructural analysis. Fracture surface analysis is performed through 
scanning electron microscopy and EDX. Computational thermodynamics techniques are used to 
model phase evolution during solidification of multi-component systems.  
4.2 Background 
4.2.1 Equilibrium Phases 
The SS – Ti pair, while attractive for many applications, is not widely used due to the existence 
of multiple brittle intermetallics within the Fe-Ti phase diagram. Stainless steel, with a 
composition primarily consisting of Fe, Cr, and Ni, will form many of the same phases when 
combined with Ti as observed in the Fe-Ti material pair and thus suffers from many of the same 
issues with regards to mechanical strength and ductility. Figure 1 is a binary phase diagram 
containing the two main components expected in a SS-Ti dissimilar material weld, Fe and Ti [6]. 
While ternary Fe-Ti-Cr and Fe-Ti-Ni phase diagrams are available, the phases formed differ very 
little from the binary diagram at the Cr and Ni compositions found in SS. Phases omitted in the 
binary diagram are NiTi2 and TiCr2, which are expected to form in small amounts in a SS-Ti 
mixture. On the binary phase diagram a few phases are formed, namely α-Ti, β-Ti, FeTi, λ, and 






Figure 1: Fe-Ti binary phase diagram showing existence of at least two intermetallic phases in the stainless steel - Nickel 
Titanium material pair [6]  
In this case λ represents TiFe2 which has a C14 hexagonal Laves intermetallic structure. In the 
ternary Fe-Ti-Cr phase diagram, λ represents a solid solution of TiFe2 and TiCr2. The λ-Laves 
phase is close-packed and has a homogeneity range between 64.8 and 72.4 at% Fe. β-Ti has a 
base-centered cubic (BCC) structure which at equilibrium will transform to α-Ti and TiFe 
through a eutectoid reaction. The intermetallic FeTi also has a BCC structure and only exists 
between 47.5 and 50.2 at% Fe. α-Fe also has a BCC structure.  
4.2.2 Eutectic Solidification 
As can be seen in Fig. 1, a eutectic reaction occurs on the Ti-rich side with the formation of β-Ti 
and TiFe from liquid. At equilibrium the formation of these two phases is typically in a lamellar 
structure with alternating β-Ti and TiFe plates. The microstructure is divided into colonies within 
which each set of plates has the same crystal orientation and a specific orientation relationship 
that aims to minimize the interfacial energy between the two phases. At higher cooling rates 
directionality is observed in the growth of the plates resulting in an oriented microstructure with 





It has been shown by Yu, et al. that during solidification of near-eutectic compositions in the Ti-
Fe pair that a supersaturated β-Ti(Fe) solid solution will form first followed by the FeTi 
intermetallic phase [12]. Dendrites in this material pair are typically in the form of TiFe dendrites 
within a supersaturated β-Ti(Fe) matrix. As with other eutectic structures solidified under a 
thermal gradient, the dendrites will form preferentially in the direction of heat flow. While it has 
been shown by Louzguine-Luzgin, et al. that the interfaces between coarse TiFe dendrites and 
the matrix cause crack propagation to be arrested [13], the formation of a directional dendritic 
structure introduces a great deal of anisotropy to the mechanical properties of the material which 
typically show significantly more robust mechanical properties along the dendrite growth 
direction and limited strength in the transverse direction.  
While strict observation of the equilibrium phase diagram (Fig. 1) suggests that α-Ti, the HCP 
structured Ti phase, should form below 595°C, it has been shown that a number of factors can 
stabilize the β-phase. One of the strongest effects comes from alloying. A number of elements 
such as Mo, V, W, Nb, Ta, Fe, and Cr have been shown to be β-stabilizers meaning that their 
existence lowers the α/β transus. Still other elements such as Al and O are α-stabilizers and have 
the opposite effect. The overall effect of these elements in captured by calculating the %Mo-
equivalent composition which is written as [14]  
 
%ܯ݋ ܧݍݑ݅ݒ݈ܽ݁݊ݐ ൌ 1.0ሺ%ܯ݋ሻ ൅ 0.67ሺ%ܸሻ
൅0.44ሺ%ሺܹሻ ൅ 0.28ሺ%ܾܰሻ ൅ 0.22ሺ%ܶܽሻ 
൅2.9ሺ%Feሻ൅1.6ሺ%Crሻ‐1.0ሺ%Alሻ 
(1)  
It is suggested that for %Mo-equivalent values exceeding 10%, a β-alloy will form. In the Ti-Fe 
pair, only a small amount of mixing is required to exceed the 10% Mo-equivalent threshold. In 





also been observed at high cooling rates [15]. This allows for the formation of single-phase β-
Ti(Fe) at compositions outside the equilibrium homogeneity range. 
4.2.3 Numerical Modeling 
While binary and ternary phase diagrams are useful for understanding the effects of the two or 
three main alloy components on the phases formed during welding, they are unable to take into 
account any more than three components. In order to account for the effects of larger numbers of 
components, computational thermodynamics techniques are often used.  The basis for phase 
prediction using computational thermodynamics is the calculation of the free energies of 
different phases in a material as a function of temperature, T, pressure, P, and composition, X. 
For a mechanical mixture between two pure components the free energy can be written as [16] 
 ܩெ ൌ ஺ܺܪ஺ ൅ ܺ஻ܪ஻ െ ܶሺ ஺ܺ ஺ܵ ൅ ܺ஻ܵ஻ሻ (2)  
Where Xi are the mole fractions, Hi are the enthalpies, and Si are the entropies of the pure 
components A and B. If, however, a solution is created, the free energy is written as 
 ܩௌ ൌ ஺ܺܪഥ஺ ൅ ܺ஻ܪഥ஻ െ ܶሺ ஺ܺܵҧ஺ ൅ ܺ஻ܵҧ஻ሻ െ ܶ∆ܵெ (3)  
Where barred quantities indicate values when in solution and ΔSM is the entropy of mixing which 
accounts for the configurational entropy of the solution. For dilute solutions the configurational 
entropy can be written as 
 ∆ܵெ ൌ െܴሺ ஺ܺ ln ஺ܺ ൅ ܺ஻ lnܺ஻ሻ (4)  
For non-ideal solutions where properties in the solution and in pure form are different, the free 






ܩௌ ൌ ܩெ ൅ ஺ܺሺܪഥ஺ െ ܪ஺ሻ 
൅ܺ஻ሺܪഥ஻ െ ܪ஻ሻ 
െܶሾ ஺ܺሺܵҧ஺ െ ஺ܵሻ ൅ ܺ஻ሺܵҧ஻ െ ܵ஻ሻሿ 
൅ܴܶሺ ஺ܺ ln ஺ܺ ൅ ܺ஻ lnܺ஻ሻ 
ൌ ܩெ ൅ ∆ܪ௫௦ െ ܶ∆ܵ௫௦ െ ܶ∆ܵெ 
(5)  
Where xs quantities are the difference of the value relative to an ideal solution.  
Equation 5 thus represents the free energy of a specific phase as a function of temperature and 
composition with pressure typically held constant. Once these relationships are known for each 
phase in the material, an equilibrium phase diagram can be created by plotting the phase which 
has the lowest free energy at each composition and temperature. This is the basis of the 
CALPHAD (CALculation of PHAse Diagrams) method.  
In order to extend these equations past binary combinations to higher order systems, extra terms 
are added for each new component and higher-order free energy “surfaces” are plotted rather 
than curves. In this study these relationships are calculated using THERMOCALC [17]. In this 
study the TCFE2 THERMOCALC database is used in order to capture the phases formed in 
stainless steel – titanium mixtures. Each material database includes polynomials which describe 
the Gibbs free energy of individual phases in a system as a function of temperature and 
composition and are developed with the aid of experimental information as well as Gibbs energy 
models [17]. By determining the phases with the lowest free energies at different 
temperature/composition values, multi-component phase diagrams can be calculated. In addition, 
the equilibrium phase evolution during solidification of a material can be determined as a 







Titanium Grade 2 (HCP α-phase) and Stainless Steel 316 (FCC γ-phase) coupons measuring 
50mm x 36mm x 0.8mm were sectioned from rolled sheets. The surfaces of the samples were 
sanded with aluminum oxide abrasive pads with an equivalent grit of roughly 100 to remove 
impurities and dull any polished surfaces and cleaned with acetone immediately prior to welding. 
Welds were performed in a butt-weld geometry with the SS coupon clamped in a fixture and the 
Ti coupon placed next to it with no gap. The lack of a gap between the plates and free movement 
of the Ti coupon limits the thermal stresses induced by the welding process [18]. The samples 
were welded using a pulsed Nd:YAG laser at a wavelength of 1064nm and a maximum average 
power of 2kW. The diameter of the Gaussian laser spot on the sample surface was 1mm. Laser 
pulses were produced at controlled repetition rate of 100Hz, each with a rectangular temporal 
pulse profile. A 6-axis robotic arm with an end effector was used for positioning and translation 
at a constant speed of 20mm/s to achieve constant pulse overlaps. Additionally, ultra-high-purity 
Argon gas was used to shield the weld pool from atmospheric contamination along the top and 
bottom surfaces of the weld. A schematic diagram of the process is shown in Fig. 2.  
 





Processing parameters were chosen using a 3-level, 3-factor design of experiment array. The 
three factors analyzed were the laser beam offset from the SS-Ti interface, pulse duration, and 
average power. Samples were processed at offsets of 0, 150, and 300µm from the SS-Ti interface 
toward the Ti plate, pulse durations of ~2.5, 3.6, and 6.5ms, and average powers of 300, 525, and 
750W. For a constant average power and repetition rate, changes in the pulse duration were 
accompanied by changes in the peak power in order to maintain constant pulse energy. Welded 
samples were sectioned using wire electrical discharge machining (EDM) into small samples for 
cross-section analysis as well as dog-bone samples for tensile testing. The dog-bone samples 
were cut to sub-size specimen specifications as defined in ASTM standard #E8-09 [19].  
Samples for cross-sectional analysis were ground using carbide paper and then polished using 
alumina slurries. After polishing the titanium was etched using Kroll’s reagent while the stainless 
steel was etched using a mixture of nitric acid, hydrofluoric acid, and water. Compositional 
analysis was performed using energy-dispersive x-ray spectroscopy (EDX) and crystal structure 
analysis was performed using electron backscatter diffraction (EBSD). Surface morphologies 
were observed using a scanning electron microscope (SEM) and tensile testing was performed 
using a uniaxial tensile testing machine operating at a cross-head speed of 0.1mm/min.  
4.4 Results and Discussion 
4.4.1 Weld Geometry 
Figure 3 is a typical weld cross-section (yz-plane) for samples processed at an average power of 
750W. The weld pool is observed to be confined to the upper portion of the plates and some 
variation in symmetry about the original SS-Ti interface was observed for different laser offsets 
as expected due to the large differences in material properties across the weld interface. The 





higher melting temperature, 1665°C versus 1375°C. This requires a greater amount of heat to be 
supplied to the Ti in order to ensure it reaches its melting temperature which is achieved through 
the offset of the laser beam toward the Ti. Samples processed at high powers show greater 
penetration and weld size compared to lower powers. The weld cross-section, however, shows 
that the main weld pool does not reach the bottom of the plates even for the highest power welds. 
The aspect ratio achieved by these welds indicates a fusion mechanism rather than a keyhole 
weld which limits the penetration achievable. The top weld surface as observed from the cross-
section in Fig. 3 is flat and nearly flush with the base Ti and SS plates. The minimal gap between 
the plates and lack of filler material results in weld pools without any buildup above the surface 
of the original plates. This surface morphology is typical of welds performed in the conduction 
welding regime.  
 
Figure 3: Typical weld cross-section (yz-plane). Note asymmetry of weld pool and existence of various microstructures 
within weld pool. Laser Power: 750W, Offset 300µm, Pulse Width: 3.7ms, Scan Speed: 20mm/s 
4.4.2 Weld Strength 
Fracture stress values for samples processed at an average power of 750W with various offsets 
and pulse durations are shown in Table 1. Load-extension curves acquired during tensile testing 












primarily brittle fracture of the weld joints. Samples processed at the highest average power, 
750W, were chosen for analysis in this study due to their greater penetration depth. All samples 
processed at this power fractured at the weld joint rather than in the base material and fracture 
occurred closer to the SS-side of the weld zone. Fracture stress values were calculated using the 
maximum load observed during tensile testing and the fracture surface area (xz-plane) observed 
under optical microscopy. The fracture stress values reported in Table 1 show that the weld joints 
are weaker than the base metal even when considering their smaller cross-sectional area and have 
a great deal of scatter between samples. The strongest samples were able to achieve a failure 
stress that was ~60% of the yield stress of Stainless Steel and ~35% of the ultimate tensile 
strength of Titanium. Ideally, the weld itself should be stronger than the base material and in the 
case of dissimilar material welds, should be stronger than the weaker of the two materials being 
joined. Thus these initial results suggest that further understanding of the microstructure and 
failure mechanisms in stainless steel to Titanium dissimilar material welds is required to form 
joints of adequate strength.  











1 0 6.5 81.4±72.5 
2 150 6.5 41.1±12.0 
3 300 6.5 - 
4 0 3.6 65.1±2.8 
5 150 3.7 - 
6 300 3.7 81.0±64.1 
7 0 2.5 - 
8 150 2.5 - 






The lack of necking during tensile testing of the welds along with the large scatter in tensile 
strengths show high sensitivity to initial cracks within the weld and again suggests that brittle 
fracture is the main failure mode. Audible cracking was noted during cooling of the welds after 
solidification which varied in degree for different processing parameters. Samples processed at 
the shortest pulse duration of ~2.5ms and thus the highest peak power, are not included in Table 
1 due to extensive cracking of the weld during cooling resulting in failure of the joints. Cracks 
similar to those shown in the cross-section in Fig. 11 were observed in the weld zone for a 
number of laser parameters and were typically oriented perpendicular to the laser scanning 
direction on the yz-plane and are likely caused by the difference in the coefficients of thermal 
expansion between the SS, ~16e-6 m/m/°C, and Ti, ~9e-6 m/m/°C. After the laser passes, 
assuming the two materials are initially at the same temperature, the stainless steel will undergo a 
greater degree of contraction than the titanium during cooling. Since the two materials are joined, 
this discrepancy leads to the formation of tensile stresses and cracks in the SS-side and 
compressive stresses in the Ti-side of the weld.  
4.4.3 Weld­Pool Microstructure and Composition 
To understand the cause of the low joint strength and high variability microstructural analysis 
was performed on the joints. Several different microstructures are observed in the weld pool in 
Fig. 3. A distinct layer lines the SS-weld pool interface, passing through the lower left corner of 
region I, while further into the melt pool on the SS-side, a coarse dendrite-like morphology is 
observed which extends across the top of the weld pool toward the Ti-side. The majority of the 
Ti-side of the weld pool shows a finer microstructure. Some indication of joining below the weld 
zone is seen as well in region II of the image. Figure 4 shows higher magnification optical 





with a layer separating them from the base stainless steel. The existence of dendrites oriented 
primarily normal to the solid-liquid interface indicates directional solidification from the 
interface toward the center of the weld pool. Figure 4b shows the area below the main weld pool 
and a thin melt zone between the two sheets is observed. Since welds performed in this study are 
within the conduction welding mode, this joining below the main weld pool is considered to be 
caused by heat accumulation at the interface resulting in localized melting of the materials or 
weld pool flow along the interface.  
   
 
Figure 4: Optical micrographs of regions (a) I and (b) II from Fig. 3. Note coarse dendritic structure in region I and 








Figure 5: EDX line scan across SS-Ti interface (Scan B in Fig. 3). Note difference in composition uniformity across 
interface 
Figure 5 shows an EDX line scan across Scan B as depicted in Fig. 3. While the average 
compositions across the coarse/fine microstructure boundary are nearly identical, the coarse 
dendrite structure shows significantly more variation in the composition. The average 
composition of ~70 at% Ti, ~20 at% Fe, and ~3 at% Cr in addition to small amounts of Ni, Mo, 
and Mn when considered in the context of the binary Fe-Ti phase diagram suggests formation of 
a β-Ti/FeTi eutectic. Figure 6 shows the composition profile across dendrites in the coarse 
dendrite region toward the SS-side of the weld pool. Clear differentiation between the dendrite 
and interdendritic regions is observed in Fig. 6a with the Ti and Fe compositions moving in 
opposite directions. The average composition of the Ti-rich regions (interdendritic regions) is 
~75 at% Ti and ~18 at% Fe with the remainder being taken up by components such as Mo and 
Cr. The dendritic regions have a more balanced composition with the Ti composition nearing 
~50 at% and the Fe composition nearing ~40 at%. While these two compositions are different 
from those expected during equilibrium eutectic solidification, it has been shown that rapid 
solidification will cause extended solubility in β-Ti and TiFe [15]. Thus, initial compositional 
analysis suggests that the dendrites are TiFe and the interdendritic regions are supersaturated β-






Figure 6: EDX line scan across coarse dendrites observed on cross-section (yz-plane). Note higher Ti content in 
interdendrite regions  
An EBSD surface map of a region containing a coarse dendritic microstructure (region IV in Fig. 
3) is shown in Fig. 7.  The Euler angle map shown in Fig. 7b shows large regions with similar 
dendrite growth directions as having the same orientation. These areas include the darker 
interdendritic regions as well. Each of these regions with the same crystal orientation are 
considered to be eutectic colonies. Both the dendritic and interdendritic regions show a BCC 
structure which when considered in terms of the equilibrium phase diagrams suggests a β-
Ti/FeTi mixture. The composition of these dendrites and their interdendrite regions were shown 
to be close to TiFe and β-Ti, respectively. Both of these phases have a BCC crystal structure. 
The observation of BCC structure through EBSD is further evidence that these structures are in 








Figure 7: EBSD scan of area IV in Fig. 3. (a) SEM scan showing dendritic structure and EBSD measured area (outlined). 
(b) Euler angle map of measured area from (a) showing various crystal orientations within eutectic colonies 
 
Figure 8: EDX line scan across SS-Ti interface (Scan A in Fig. 3). Note homogeneous composition within weld zone and 
significant diffusion of Fe and Cr into Ti 
A line scan EDX profile across the lower portion of the weld interface (scan A in Fig. 3) is 
shown in Fig. 8 and clearly shows the existence of a mixed layer at the interface with a 
composition between that of pure SS and pure Ti. The composition abruptly changes at the SS 
interface while the transition is more gradual on the Ti-side of the joint. This is due to the higher 
diffusivity of Fe and Cr into Ti than Ti into SS [20]. When Fe and Cr diffuse into the Ti side of 







the Ti has a gradual variation in Fe content. With further diffusion of Fe, it will reach its 
solubility limit in Ti, and then the compound FeTi will start to form according to the Fe-Ti phase 
diagram in Figure 1. Since diffusion occurred between the multi-component alloy SS and pure 
Ti, a pure FeTi layer would not be formed. Instead, a mixture of FeTi and Ti-based solid solution 
will be produced. The mixed zone is observed to also have a similar composition to that 
observed in the dendritic regions of the weld pool as discussed above. This again suggests a 
mixture of FeTi and β-Ti in this region, however, no significant fluctuations in composition are 
observed across the interface or along the interface in the z-direction (not shown). If FeTi regions 
were to exist in this region a similar profile to that observed in Fig. 6 would be expected. As 
discussed above, extended solubility of Fe in the β-Ti structure has been shown to occur for high 
cooling rates such as those experienced during laser welding [15], however, within the main 
weld pool dendrites of TiFe were seen to form. Thus, the cooling rate in the lower section of the 
weld must be significantly higher such that a single-phase region is formed from a eutectic 
composition. This high cooling rate is likely due to the thin film-like geometry of the molten 
zone with a thickness of roughly 4µm. The large surface area connecting the molten material to 
the surrounding solid on both sides of the interface and the limited volume of molten material 
would allow for a significant increase in the cooling rate within this region and the formation of 







Figure 9: EBSD scan of area V in Fig. 4(b). (a) SEM scan showing layered structure as well as EBSD measured area 
(outlined). (b) Structure map of measured area with red indicating BCC and green indicating HCP structures 
Figure 9 shows EBSD scans of an area where a layered structure is observed in the weld pool 
(region V in Fig. 4b). The lighter colored region on the left of Fig. 9a was determined by EDX to 
be a nearly equiatomic Ti-Fe layer and the darker colored region a ~70 at% Ti layer that extends 
from the bottom of the main melt pool toward the bottom of the joint. Fig. 9b is a structure map 
of the same region with BCC structured regions colored red and hexagonal close-packed (HCP) 
structured regions colored green. The layer closer to the SS-side of the weld exhibits a HCP 
structure while the layer closer to the Ti-side of the weld shows a BCC structure. The BCC 
structure, along with the homogeneous composition of roughly 70 at% Ti and 20 at% Fe suggests 
that this layer is comprised of β-Ti grains supersaturated with Fe. As discussed above, the 
adjacent HCP layer has a composition which, at equilibrium, would form a mixture of FeTi and 
TiFe2 (λ-Laves). The observation of a hexagonal structure through EBSD suggests that this layer 








Figure 10: Simulation results for mole fraction of phases for (a) 18.19% Fe, 74.00% Ti, 4.53% Cr, 1.38% Ni, 1.66% Mn, 
0.23 at% Mo and (b) 37.00% Fe, 46.59% Ti, 10.70% Cr, 2.95 % Ni, 2.47% Mn, 0.29 at% Mo regions  
Phase development curves for materials with similar compositions to those observed in the 
aforementioned layers modeled using CALPHAD techniques are shown in Fig. 10a and 10b. 
Figure 10a shows the mole fraction of phases present in a material with a composition of 18.19% 
Fe, 74.00% Ti, 4.53% Cr, 1.38% Ni, 1.66% Mn, and 0.23 at% Mo, as a function of temperature. 
This composition is very similar to that observed in the Ti-rich interfacial layer as well as in the 
main weld pool as determined through  EDX. The model suggests that the first phase to form at 
roughly 1250°C is BCC or β-Ti. Once the temperature has reached ~900°C the intermetallic 
phase, FeTi, starts to form. In the main weld pool a microstructure consisting of TiFe dendrites 
within a β-Ti matrix was observed. This phase mixture is consistent with that predicted by the 
CALPHAD model at this composition. The Ti-rich interfacial layer showed a BCC structure and 
a homogeneous Ti-rich composition. The lack of TiFe in this layer is considered to be due to the 
high quench rate experienced by the thin interfacial layer during solidification. As the model 
shows, even at equilibrium, the  β-Ti begins to form at a temperature over 300°C above FeTi. At 
high quench rates it has been shown that TiFe may not have time to nucleate and grow resulting 






Figure 10b shows the mole fraction of phases present in a material with a composition of 37.00% 
Fe, 46.59% Ti, 10.70% Cr, 2.95% Ni, 2.47% Mn, and 0.29 at% Mo as a function of temperature. 
This composition is very similar to that observed in the near-equiatomic layer toward the SS-side 
of the joint in Fig. 4b. The model predicts the initial formation of the Laves phase, TiFe2, with 
FeTi forming at a temperature a few hundred degrees lower. Thus the existence of predominantly 
TiFe2 in the near-equiatomic interfacial layer is consistent with the CALPHAD model and is 
likely due to the high quench rate in the lower weld zone. The material in this section does not 
have sufficient time for TiFe formation during solidification. 
4.4.4 Fracture Surface Analysis 
Fracture surfaces created during tensile testing of the welded samples were analyzed using SEM 
and EDX in order to determine the fracture mode and position of failure within the weld pool. As 
noted above, low-magnification observation of the fracture surfaces showed that fracture always 
occurred along the original SS-Ti interface position or toward the SS-side of the weld pool. 
Figure 11 is an SEM image of a typical SS fracture surface (xz-plane). The brighter region 
toward the top of the image is the top surface of the weld (xy-plane). Cracks can be observed 
propagating in the yz-plane on the upper part of the weld joint and can be seen on the top surface 
of the weld as well. The lighter colored region with the long horizontal lines at the bottom of the 
image is the unwelded portion of the plate. Figure 11 depicts significantly different fracture 
surfaces along the top and bottom halves of weld. The surface of the bottom half is punctuated 
by equally spaced lines oriented perpendicular to the laser scan direction. In contrast, the upper 






Figure 11: Fracture surface (SS-side, typical). Note different morphologies in upper and lower sections  
 
Figure 12: SEM images of regions (a) VIII and (b) IX from Fig. 11. Note large, smooth fracture surface in region VIII and 
rough surface in region IX 
Figure 12a shows a higher magnification SEM image of region VIII in the upper fracture surface. 
A large smooth region on the order of a few hundred micrometers tall is observed on the left of 
the image with a number of finger-like features observed on the right. The composition of this 
region as determined through EDX was ~70 at% Ti and ~20 at% Fe and was observed to be 
homogenous throughout. This overall composition is very close to that observed in the 
interdendritic regions of the main weld pool as shown in Fig. 6. EDX analysis of the 
corresponding Ti fracture surface showed a nearly identical composition. This suggests that 
fracture occurred within the interdendritic regions in the main weld pool rather than at the 
dendrite surfaces. As observed in Fig. 11, however, the entire upper fracture surface does not 









region IX in Fig. 11. The surface roughness is observed to be greater than region VIII and the 
composition is found to be much closer to the roughly 50 at% Ti and 35 at% Fe observed in the 
Laves-phase layer toward the SS-side of the weld zone in Fig. 3. Regions with this rough fracture 
surface and low Ti-content are found to consistently occur closer to the SS-side of the weld pool 
than the smooth Ti-rich regions. 
Fracture in the main weld zone of the material is thus observed to occur within two different 
regions of the weld pool, the first being the interdendritic zones in the coarse dendritic 
microstructure located toward the SS-side of the weld pool and the second being the layer of 
Laves phase lining the SS-weld pool interface. It is important to note that fracture surfaces 
originating in the coarse dendritic microstructure regions almost exclusively showed a smooth 
surface structure at high magnification and were always nearly perpendicular to the applied 
tensile load direction. This surface morphology and crack geometry suggests that all of these 
regions failed through interdendritic cracking between dendrites that were oriented nearly 
perpendicular to the loading direction. Fracture also occurs in the Laves phase layer on the SS-
weld pool interface which is oriented at an angle with respect to the applied tensile load. It is 
considered that in regions where fracture is observed in the Laves phase, the TiFe dendrites are 






Figure 13: SEM image of lower fracture surface in Fig. 11. Note vertically oriented cracks formed through grains and 
surface indicative of cleavage fracture 
A high magnification SEM image of the lower fracture surface from Fig. 11 is shown in Fig. 13. 
The surface appears rougher than that observed in the interdendritic fracture surfaces in the main 
weld pool suggesting a different fracture mechanism is active in this region. Figure 14a is an 
EDX line scan performed across the lower interface in the x-direction (scan F in Fig. 11). The 
composition is seen to fluctuate significantly within this scan and small sections with the same 
composition are observed. Upon careful analysis it is found that the composition changes at each 
vertical line between Ti-rich and Fe-rich suggesting that either different phases are formed 






Figure 14: (a) EDX composition profile and (b) topographic profile across lower fracture surface (scan F in Fig. 11). 
Abrupt changes in composition and height coincide with the periodic vertical crack-like features  
Figure 14b is a topographical line profile obtained along scan F in Fig. 11 through optical 
profilometry. The profile shows significant topographic variation along the laser scan direction 
with a period very similar to that observed in the composition profile in Fig. 14a. The vertical 
lines observed in the SEM images are considered to be cracks in the yz-plane which separate 
regions located closer to the SS and Ti-sides of the thin melt zone. This structure can be 
understood in the context of Fig. 8, the compositional profile across the lower weld pool 
interface. As discussed previously, the composition within the lower weld pool is homogeneous. 
The two main compositions observed on the lower fracture surface (Fig. 14a) are ~70 at% Ti/20 
at% Fe and ~20 at%Ti/60 at% Fe. In Fig. 8, these two compositions occur at different locations. 
The ~70 at% Ti composition occurs across the entire weld pool while the ~60 at% Fe 
composition only occurs at the interface between the base SS and the weld pool. When 
considered in the context of Fig. 14b which shows a height difference between adjacent surfaces 
of roughly 8µm which is on the order of the width of the lower weld pool, it is likely that fracture 
is occurring alternately on the SS-weld and Ti-weld interfaces. Movement of the crack between 
the SS-weld and Ti-weld interfaces may be due to cracks formed by thermal stresses during 







Laser fusion welded dissimilar joints between stainless steel 316 and titanium grade 2 have been 
investigated as a simplified model for the NiTi - stainless steel dissimilar material pair. While 
joints between the two materials reaching roughly 60% of the yield stress of stainless steel were 
formed, the variability in joint strengths and brittle nature of the welds were found to be 
limitations on the fusion welding of this dissimilar material pair. EDX and EBSD analysis 
indicated the formation of coarse intermetallic TiFe dendrites within a β-Ti matrix in the main 
weld pool and single-phase supersaturated β-Ti(Fe) of the same average composition in the 
lower weld zone. Fracture surface analysis shows that smooth interdendritic fracture between 
dendrites oriented perpendicular to the tensile load is the predominant mechanism of failure in 
the main weld pool while alternating failure along the SS-weld and Ti-weld interfaces was 
observed in the lower weld zone. Significantly greater surface area formation was observed in 
the lower portion of the weld suggesting that the single-phase supersaturated β-Ti(Fe) structure 
may be beneficial for fracture resistance. This non-equilibrium phase formed below the main 
weld pool where high cooling rates inhibited the growth of dendritic structures. Thus, further 
increasing the cooling rate experienced within the entire weld joint through decreases in weld 
pool size, greater heat localization, and external cooling is considered to be a promising approach 











The joining of dissimilar materials is a critical issue in the continued development of advanced 
medical devices due to the unique properties possessed by materials such as NiTi, Platinum, and 
Stainless Steel, among others. Requirements for joining of dissimilar biocompatible materials 
can stem from introducing unique functionalities through the use of shape memory alloys such as 
NiTi in conjunction with stainless steel (SS), or for decreasing costs while maintaining 
exceptional corrosion resistance in Pt-to-SS joints.  To address these requirements, a new laser 
joining process is investigated to form autogenous (no filler material) joints between dissimilar, 
biocompatible metal pairs. The autogenous laser joining process would enable seamless joining 
of these components and eliminate the need for proprietary adhesives and filler materials used in 
many current designs.  
Laser-based joining processes, due to their low thermal input and small spot size, have become 
the primary joining mechanism of metallic parts in medical devices such as pacemakers and 
Implantable Cardioverter Defibrillators (ICDs). The advantages of lasers in joining processes 
over conventional heat sources, such as minimal heat-affected zones and controlled energy 
delivery, are vital to medical device manufacturing processes due to the thermal sensitivity of 
components as well as their continued miniaturization. These same characteristics are crucial in 
forming reliable joints between dissimilar materials. The tightly controlled heat input allows 






Of the limited number of metals have been identified as proven or potential biocompatible 
materials, NiTi and Stainless Steel have received particular attention for use in medical devices. 
Stainless steel enables physically robust bulk implants and devices with exceptional 
biocompatibilities at relatively low cost. Smart materials such as shape memory alloys (SMAs) 
make possible novel device functionalities through thermally-driven actuation and superelastic 
deformation. The shape memory and superelastic effects of SMAs have been used in medical 
devices for steerable catheters and stents but are generally limited to monolithic components and 
suffer from limited radiopacity [1]. Joining different biocompatible material pairs can help to 
alleviate some of the issues faced by single materials. The ability to form a robust joint between 
NiTi and stainless steel would enable the incorporation of unique device functionalities (shape 
memory materials) in low cost medical devices.  
Dissimilar metal joints, however, are often complicated by the formation of new phases such as 
brittle intermetallics within the joint that lead to low strength and premature failure. These 
phases are typically formed when the two base materials are allowed to mix and result in 
undesirable mechanical properties. A number of processes have been investigated for joining 
dissimilar material pairs that form brittle intermetallic phases. Traditional joining processes have 
limited spatial selectivity and large heat inputs (arc welding, etc) which promote excessive brittle 
phase formation. Brazing, which utilizes a filler material with a lower melting temperature than 
either of the base materials, eliminates melting of the base metals and can potentially avoid 
intermetallic formation but requires careful selection of the filler material. This is particularly 
difficult in medical devices due to the required biocompatibility. Li, et al. have investigated the 
laser brazing of NiTi shape memory alloys to stainless steel using silver-based filler materials but 





Solid-state processes can also be performed which allows for greater control over material 
mixing. One such process, diffusion bonding, has been investigated for direct bonding of 
biocompatible material pairs such as NiTi/SS by Ghosh and Chatterjee [3], however, the 
formation of brittle intermetallics could not be prevented. Kundu, et al. [4][5] performed 
diffusion bonding of the same material pair using Ni and Cu interlayers but also observed the 
formation of intermetallics at the joint interfaces. In addition, this bonding process requires 
heating of the entire device to elevated temperatures and, like ultrasonic welding, the ability to 
impart a compressive stress on the joint. These requirements make such process difficult for 
medical devices with heat-sensitive components, small size, and complex joint geometries. 
Intermetallic-free dissimilar metal joints have been achieved through the use of adhesives. These 
joints, however, are not well suited to extended implantation in the body [6].  
In this study, a novel process, autogenous laser brazing, is used to join two biocompatible 
materials, stainless steel 316 and NiTi. The joint geometry is analysed through optical and 
scanning electron microscopy (SEM) of sample cross-sections while compositional analysis is 
performed using energy-dispersive x-ray spectroscopy (EDS). Joint strength is determined 
though tensile testing to fracture and fracture surface morphology is observed using SEM. Phases 
formed in the dissimilar metal joint are identified using a combined EDS and Electron 
Backscatter Diffraction (EBSD) method. 
5.2 Background 
5.2.1 Autogenous Laser Brazing Process 
While the majority of laser-based joining processes use the laser input to directly melt the base or 
filler materials at the joint, the autogenous laser joining process aims to make the joint 





of one of the base materials starting some distance away from and moving toward the dissimilar 
metal interface. A schematic diagram of the joining process is shown in Fig. 1.  
 
Laser parameters such as power and speed are chosen such that the equilibrium temperature of 
the irradiated piece does not exceed its melting temperature. Heat accumulation due to the 
thermal resistance of the interface causes the temperature at the interface to rise above the 
melting temperature of the one of the base materials as the laser beam approaches, forming a 
molten layer. The laser beam is turned off as the spot reaches the interface and the melt layer is 
quenched when it comes in contact with the adjacent cold workpiece forming an autogenous 
braze-like joint. The irradiation of the lower melting point material aids in the localization of the 
melting to the interface. In the case of a NiTi to Stainless Steel joining, the NiTi, with an 
equilibrium melting temperature of 1310°C compared to 1375°C for Stainless Steel, will be 
irradiated.  
This process minimizes mixing of the two materials due to the minimal melt volume, high 
quench rate, and localized melting of one side of the weld joint. This process is also autogenous, 
Figure 1: Schematic diagram of proposed autogenous laser brazing 
process for (a) wire-wire (~400 microns in diameter) Wire-wire 





eliminating the need for filler materials when joining metallurgically incompatible materials with 
similar melting temperatures.  
5.2.2 Intermetallic Phases 
One of the main impediments to the direct joining of dissimilar metals is the formation of 
intermetallic phases. These phases are typically highly-ordered and exist within a limited 
homogeneity range. Due to their highly-ordered and complex structures, many intermetallics 
have long burgers vectors which limits plastic deformation and renders them extremely brittle. 
The limited homogeneity range also results in the formation of two-phase microstructures such 
as dendrites or eutectics unless the composition is within a specific range.  
While the formation of intermetallic phases is inevitable in many dissimilar metal pairs at 
equilibrium, processing techniques have been developed that have shown the ability to decrease 
intermetallic phase formation or control their microstructures for enhanced strength. 
Borrisutthekul, et al. [7] have shown that controlling heat flow and cooling rate through 
increased welding speed and the use of a high thermal conductivity heat sink can decrease the 
thickness of the intermetallic layer in laser welds between high-strength steel and a 6000-series 
aluminum alloy. Louzguine, et al. [8] reported the formation of high-strength, high-ductility Ti-
Fe bulk alloys which typically form many brittle intermetallics such as TiFe and TiFe2. The 
results were attributed to the extended solubility of Fe in β-Ti due to the high quench rate as 
described by Ray [9]. In-situ time and spatially resolved x-ray diffraction methods have been 
developed by Elmer and Palmer  [10][11] and have been used to investigate the formation of 
phases during welding of Ti-6Al-4V to medium carbon steel dissimilar metal pairs. 
Control over the material mixing within dissimilar metal joints has also been investigated for 





welding geometry to minimize penetration of the weld pool to the lower plate in laser fusion 
welding of magnesium and aluminum alloy plates. The effect of interlayers with various 
compositions for joining Ti and stainless steel was investigated by Lee, et al. [13].  Several 
studies using laser offsets for compositional control of dissimilar metal joints have been reported 
by Mys and Schmidt [14] and Yao, et al. [15] for copper-aluminum and copper-steel material 
pairs respectively. The proposed autogenous laser brazing process is designed to minimize 
mixing of the dissimilar materials as well as increase the cooling rate experienced by the molten 
material to inhibit intermetallic phase formation while eliminating the need for additional filler 
materials or adhesives. 
5.2.3 Numerical Simulation 
The numerical simulation performed in this study aims at understanding the thermal profile 
resulting from the unique scanning procedure employed during autogenous laser brazing and 
using that thermal profile to predict the phases which are expected to form at the joint interface. 
Thermal modelling of the joining process is performed using a 3-dimensional finite element code 
that models half of each of the wires with a symmetric boundary condition to reduce 
computation time. The laser beam is modelled as a Gaussian beam travelling at a constant 
velocity across the top of one wire as 
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Where Q is the flux at point (X,Y), Qmax is the peak flux, Ro is the beam spot size, Xo and Yo are 
the initial position of the laser spot, V is the scan velocity, and t is time.  Thermal contact 
conductance across the dissimilar metal interface is modelled as a step function as a function of 
temperature with the contact conductance increasing from 0.1 W/m/K for solid-solid contact to 





the main conduction pathway during irradiation prior to the occurrence of melting and the 
conductance value is used as a tuning parameter for the thermal profile. Solid-liquid contact 
occurs when the surface of the irradiated wire at the joint melts, wetting the adjacent, solid 
surface of the abutting wire. The contact conductance is spatially resolved over the wire-wire 
interface allowing for more accurate modelling of the melting phenomenon and thermal profile 
during processing. The maximum achieved contact conductance at each point is also considered 
to remain during cooling to mimic the formation of a seamless joint after processing. 
A fluid-flow model was developed in conjunction with the heat transfer simulation in order to 
develop and understanding of the mechanism of mixing occurring within the dissimilar metal 
joint during processing. Fluid flow is modelled using the Navier-Stokes equations which take as 
input the current thermal profile of the wire as determined through the heat transfer simulation. 
Fluid flow is driven by Marangoni convection due to the change in surface tension of liquids 
with temperature. The surface tension force is implemented as a traction force on the fluid free 







 (2)  
Where u is the flow velocity, y is the direction perpendicular to the surface, T is temperature, μ is 
viscosity, and γ is the surface tension coefficient with temperature. A positive surface tension 
coefficient of 1.6x10-4 N/m/K is used in this study as described by Sauerland et al. [18] which 
results in flow occurring up the temperature gradient. While this is not typical in pure metals, this 
type of flow is oftentimes observed when a surface-active element changes the surface tension 
from that of the pure base material. This is generally caused by interaction with the gas adjacent 





confined to that material that experiences temperature above the melting temperature by 
controlling the viscosity of the material to be a function of temperature. The viscosity for solid is 
assumed to be 100 Pa∙s and that for the liquid material is 0.01 Pa∙s which is sufficient to 
eliminate flow in the solid material. Simple diffusion-based mass transport is also included in 
this model with diffusion coefficients for the Ni, Ti, and Fe obtained as a function of temperature 
from the DICTRA MOBFE2 diffusivity database.   
Phase prediction for the joints created through autogenous laser brazing was performed through 
Calculation of Phase Diagrams (CALPHAD) techniques. For an overview of the process used in 
this study please refer to the authors’ prior work [19]. Phase prediction was performed at various 
locations across the dissimilar metal interface. As each point experiences a different thermal 
profile, thermal histories were obtained from identical points within the thermal simulation. 
Compositional information was obtained through experimental analyses by EDS at these same 
locations. The phases predicted to form at these compositions, under the simulated thermal 
histories, is calculated using the CALPHAD approach. This allows for quasi-spatially-resolved 
data to be obtained.  
5.2.4 Phase Identification 
Due to the number of elements included in the combination between NiTi and Stainless Steel, the 
high cooling rate obtained by the process, as well as the variable proportion of these elements 
across the Autogenous Laser Brazed joint, phase identification at the interface requires a robust, 
multi-faceted approach. This is achieved through a combined Energy Dispersive X-ray 
Spectroscopy (EDS) and Electron Backscatter Diffraction (EBSD) experimental measurement. 
The use of multiple characterization methods allows for significantly more accurate 





differentiate between different phases due to their different crystal structures, however, due to 
the numerous phases that could potentially be formed in NiTi-SS mixture, precise identification 
is difficult as there are a number of phases with identical space groups. While the Kikuchi 
patterns will vary slightly between these phases due to their different lattice spacing, these 
differences are often small and, by themselves, may result in the misidentification of phases. 
Further differentiation between phases can be obtained by characterizing the composition of each 
region and determining upper and lower-limits for the composition of each potential phase. This 
can be performed to clearly differentiate between phases such as TiFe2 and Ni3Ti which both 
have a P63/mmc space group but significantly different composition ranges. By doing so, the 
combined EBSD/EDS process is able to identify phases with much greater accuracy than either 
process alone. 
The initial phase identification is performed directly by EBSD through a voting algorithm based 
on the Hough Peak fit between the observed pattern and the theoretical position for a variety of 
Ni, Ti, and Fe-containing phases. Initial scans were performed with all of the phases observed in 
the ternary Ni-Ti-Fe equilibrium phase diagram included [20]. The potential phase solution list 
thus contained Ti2Ni, TiFe2, TiNi3, Ni4Ti3, NiTi, FeTi, FeNi3, FeNi, and Stainless Steel 304 in 
place of α-Fe. Each point in the 2-dimensional EBSD map is linked to a specific phase through 
the voting scheme based on the experimental Electron Backscatter Pattern (EBSP) having the 
closest fit to the theoretical pattern. An EDS map with the same spatial resolution is performed 
concurrently with the EBSD scan. The amounts of the three main elements, Ni, Ti, and Fe, are 
chosen to represent the composition. After the initial EBSD scan, the scan is re-run using the 
saved Hough peak locations from each point combined with the EDS map composition data. The 





consideration which have significantly different compositions than observed at the point in 
question. This is performed on a point-by-point basis resulting in a refined phase identification 
map.  
The resultant EBSD maps are further refined by elimination of phases that are observed at very 
low amounts and in locations where their formation is unlikely, such as the identification of 
mixed phases within the base material far from the interface. This refinement is user-defined and 
typically results in phases which are observed in less than 0.1% of the 2-dimensional scan area to 
be removed. These phases are generally only observed at single points, surrounded by phases 
identified as having the same space group.  
5.3 Experimental Setup 
NiTi and stainless steel 316L wires, roughly 380 and 368µm in diameter, respectively, were cut 
to 7 inch lengths from spools. One end of each wire was ground flat with the surface 
perpendicular to the axis of the wire using 800 grit silicon carbide paper. Wires were cleaned in 
an ultrasonic bath of acetone for 15 minutes prior to assembly in a welding fixture. The welding 
fixture consisted of a pair of coaxial micro chucks, one holding a stainless steel tube slightly 
larger than the diameter of the wires. The wire sample to be irradiated by the laser was placed in 
the tube and allowed to protrude roughly 5mm from the end with the ground end facing the 
adjacent chuck. The second wire was fixed in the other chuck with its ground end facing the end 
of the tube. The ground faces of the samples were held together using an axial force applied by a 
spring on the wire to be irradiated. The axial force on the wires was set to 0.15N by adjusting the 





Irradiation along the NiTi wires was performed using a continuous wave fiber laser operating at 
a wavelength of 1064nm. The Gaussian spot was controlled to be the same size as the diameter 
of the wires. Laser power was adjusted up to a maximum of 9W while scan speed was adjusted 
between 1.5 and 2.5mm/s. The length of the scan was held constant at 2.5mm. The laser 
irradiation was stopped 100µm from the joint interface in order to minimize unnecessary heating 
of the un-irradiated wire. The sample was accelerated to the preset scan speed prior to laser 
irradiation and deceleration occurred after the conclusion of laser irradiation to ensure that 
sample translation occurred at a constant velocity during processing. Laser joining was 
performed in an inert environment of ultra-high purity argon gas which was flowed into the 
enclosed welding fixture at a flow rate of 10cfh.  
After joining the samples were tested in tension to fracture using a micro-tensile tester with 
bollard grips using a cross-head speed of 0.5 mm/min. The gauge length was set at 100mm. 
Fracture surface analysis was performed using a scanning electron microscope (SEM) while 
compositional analysis was performed using energy dispersive x-ray spectroscopy (EDS). Phase 
identification was performed through the combined EDS/EBSD process discussed above. 
5.4 Results and Discussion 
5.4.1 Weld Geometry 
Figure 2 shows a typical joint created using the autogenous laser brazing process. This particular 
joint was formed using a laser power of 8.5W directed toward the NiTi wire over a scan length 
of 2.5mm at a scan speed of 1.75mm/s.  Overall, the joint shows a clean outward appearance 
with no obvious signs of porosity or cracking. The top surface of the irradiated NiTi wire shows 
a smooth, dark surface while the side and bottom of the wire experiences some roughening of the 





the base materials did not occur during processing. Minimal bulging is observed very close to the 
joint interface likely due to the softening of the NiTi as it is heated and the axial force applied on 
the irradiated wire. This deformation indicates that some softening of the material did occur and 
that the two wires were forced into contact. This is critical for the proposed autogenous laser 
brazing process since the greater interface conductance caused by the deformation will help to 
limit the temperature increase at the interface and keep the laser from over melting the wire. In 
contrast to the irradiated, NiTi, side of the joint, the stainless steel side shows no signs of 
deformation or surface roughening. This indicates that the temperature on that side of the joint 
was maintained below the melting temperature. Oxidation of the NiTi wire surface is minimal, 
showing a nearly uniform, light straw color. No oxidation of the stainless steel wire surface is 
observed.   
 
Figure 2: Optical micrograph of dissimilar metal joint between NiTi and Stainless Steel observed from the (a) top, (b) 






Figure 3 is an optical micrograph of the same sample shown in Fig. 2 after cross-sectioning 
along the Y-Z plane. A clean interface is observed with no porosity, cracking, or signs of 
incomplete joining at the interface. The joint itself is widest at the upper, irradiated surface of the 
wire and becomes narrower further from that surface. The increased width toward the top of the 
joint is likely due to the increased heat flux experienced by the top surface from direct laser 
irradiation which causes excess melting to occur. A faint outline of the melted portion of the 
NiTi wire, which has a slightly different vein-like morphology indicative of directional 
solidification, can be seen extending roughly 50μm below the irradiated surface. Regions of the 
joint opposite the irradiated surface show less evidence of growth direction. The mechanisms of 
joint formation in these two regions will be discussed further in the following section. 
 
Figure 3: Optical micrograph of joint cross-section along the YZ-plane. Note wider joint width at top, irradiated surface 
and nearly uniform joint width along the remainder of the joint. Evidence of directional solidification is also observed in 






Quantitative EDS profiles performed across the NiTi-SS interface at different depths from the 
irradiated surface are shown in Fig. 4(a-c). Each profile shows a constant composition of 
primarily Fe in the stainless steel and a slightly Ni-rich composition in the NiTi side of the joint. 
Between the two base metal compositions is the joined region showing a mixture between Fe, 
Ni, and Ti in varying proportions. The extent of this mixed region indicates the width of the 
joint. The uppermost EDS profile (Fig. 5a) shows a joint that is roughly 25µm wide. A steep 
dropoff in the iron composition, from roughly 75 at% Fe to 4 at% Fe, is observed at the same 
location at which the Ni and Ti compositions increase significantly, however, an appreciable 
amount of Fe is observed to exist roughly 25µm into the NiTi side of the joint. The second EDS 
profile (Fig. 5b), performed 125µm below the first, shows similar characteristics but with the 
mixed composition region extending only 15µm from the interface. The third EDS profile (Fig. 
5c), performed 250µm below the first shows a mixed region between the two base materials of a 
similar thickness. The variation in the composition profiles suggests that different joining 
mechanisms are dominant along different regions of the joint. Toward the laser irradiated surface 
the melted layer thickness is greater, which indicates a longer melt duration, allowing greater 
dilution of the stainless steel into the molten NiTi. Toward the center of the wires, where 
minimal mixing of the two materials is observed, the melt layer thickness should be significantly 
smaller. The composition profile in this region resembles more of a diffusion-controlled process 
while the upper layers resemble more of a fusion-based joining mechanism. Figure 5 shows an 
EDS map of region I in Figure 3. A clear delineation between the two materials is observed with 
a small layer of mixing between the two. The darker blue layer on the top of the NiTi wire is 
nearly all Ti and is likely a Titanium oxide. Ti-oxides are expected to form preferentially in these 






Figure 4: EDX line scan composition profiles for scans (a) i, (b) ii, and (c), iii from Error! Reference source not found.. Note 
change in width of mixed zone (joint width) at different locations along wire thickness. 
 
Figure 5: EDS Map of region I in Fig. 3 where red, green, and blue represent Fe, Ni, and Ti. Note transport of Fe along 







Figure 6: Thermal model of autogenous laser brazing process showing thermal accumulation at joint interface as laser 
beam approaches.  “▼” symbol indicates position of laser beam.  (a) Equilibrium temperature distribution far from 
interface. (b) Beginning of thermal accumulation at interface. (c) Melting of interface. 
Thermal and compositional modelling of the autogenous laser brazing process is performed to 
understand the resultant composition profile at the interface. Figure 6 shows temperature 
contours in a joint pair with the laser directed at the NiTi wire at a number of different times. 
Figure 6a shows the steady-state temperature distribution around the laser spot far from the wire-
wire interface. Thermal accumulation, as evidenced by the increase in peak temperature, is 
observed as the laser beam approaches the interface in Fig. 6b and 6c. Some non-uniformity of 
the temperature at the joint is observed in the thermal model as the laser approaches the interface 
with the upper region showing a higher temperature consistent with the wider joint observed 
experimentally toward the top of the wire. Temperature-time profiles at various distances from 
the interface are shown in Fig. 7. The peak temperature of each point is seen to be a decreasing 
function of its distance from the joint interface with the faying surface of the joint experiencing 
the highest temperature rise. This is attributed to the thermal accumulation at the joint due to the 






Figure 7: Simulated temperature-time profiles for points at different distances from the joint interface. Note higher peak 
temperatures for points located closer to the interface indicating thermal accumulation. 
Figure 8 shows the resultant composition profile of a NiTi-SS joint as predicted by the combined 
heat transfer and fluid flow numerical simulation for the same laser parameters along the upper 
portion of the joint as shown in Fig. 5. The coloring is based on the RGB scale with Red, Green, 
and Blue representing Fe, Ni, and Ti, respectively. The laser flux was applied to the top surface 
of the modelled geometry. A mixed zone is observed which is largest in width toward the 
irradiated surface and extends along the NiTi wire surface away from the joint. This is in good 
agreement with the experimentally observed profile shown in Fig. 5. This confirms that the 
positive sign for the surface tension coefficient is correct for the parameters and environment 
surrounding the NiTi wire during irradiation in autogenous laser brazing. This flow of Stainless 
Steel material is caused by Marangoni convection which pulls the molten material along the 
surface of the NiTi wire toward the laser spot which is located to the left of the joint interface. 
No significant melting is observed in the lower portion of the joint in the simulation. This 
morphology is also in good agreement with the shape observed experimentally. The factors 






Figure 8: Color contour map of mass fraction of Fe in NiTi-Fe joint formed by Autogenous Laser Brazing as predicted by 
numerical simulation. Fluid flow is driven by Marangoni convection with a positive surface tension temperature 
coefficient. Resultant composition profile matches that observed experimentally as shown in Fig. 5. 
5.4.3 Joint Width 
Figure 9a shows the width of joints produced through the autogenous laser brazing process as a 
function of laser power. While the joint widths at the center and bottom of the wires are nearly 
constant with laser power, the joint width at the top, irradiated portion of the wire is greater at the 
lowest and highest laser powers tested. This profile can be explained in terms of the thermal 
profile experienced by the wires at these different laser powers. For each of these samples, the 
laser scan speed is held at a constant 2mm/s over the same 2.5mm scan length. Thus, varying the 
laser power results in a change in total energy input to the system while maintaining the total 
temporal shape of the irradiation. At low power levels, insufficient heating of the part leads to 
non-uniform melting at the interface and thus non-uniform heat conduction between the two wire 
faces. The majority of the joining occurs at the irradiated surface causing the high joint width. At 
the highest power level, excess heating of the irradiated wire occurs, resulting in over-melting 





power level, it is observed that the joint width at all three depths is nearly the same. This is the 
preferred result to create the most uniform joint. It will also be shown that this is also the 
strongest configuration. 
 
Figure 9: (a) Joint width vs. laser power at constant scan speed. (b) Joint width vs. scan speed at constant laser power. 
Note excessive melting of the top of the joint in (a) at extreme power levels due to different total energy input and thermal 
profile.  
Figure 9b shows the width of the joints at three locations on the joint cross-section as a function 
of scan speed as determined through EDS line profiles. The joint width can be seen to decrease 
as a function of scan speed. Similarly, this is attributed to the decrease in energy put into the 
wires by the faster laser scan at constant laser power. The discrepancy between the joint widths 
toward the laser irradiated surface (denoted Top in the figure) and the opposite surface (Bottom) 
also tends to decrease with increasing scan speed. Each sample in Fig. 9b was irradiated with a 
constant laser power of 8.5W and thus, decreasing the scan speed results in increased input 
power into the wire samples. This results in over-heating of the irradiated wire and significant 
deformation at the joint interface. Excessive melting is observed along the entire surface of the 
wire due to the limited conduction pathways which results in the large top and bottom joint 
widths. At the other extreme with a scan speed of 2.5mm/s, the heating becomes excessively 





each point. This time becomes less than the characteristic time for heat conduction across the 
wire diameter, resulting in a further decrease in the middle and bottom joint widths while the top 
joint widths starts to increase. 
Figure 9 also shows that the joint width is significantly smaller than the beam spot size for all 
processing conditions. During processing the laser beam is de-focused such that the spot size on 
the sample surface is roughly 400µm. The largest joint width in Fig. 10 is just over 50µm while 
the smallest is only 2µm. In either case, the joint width is much smaller than the irradiating beam 
size. This would not be possible if the laser beam were to directly melt the material under it. 
Rather, this suggests that localized melting is occurring at the interface due to the limited heat 
conduction capability across the interface prior to joining. This provides further evidence 
suggesting that heat accumulation at the interface is responsible for the localized melting and 
joining which also leads to minimal mixing between the dissimilar metals. 
While the joint width is significantly smaller than the laser beam spot size, it is likely that if the 
melt pool is able to become large enough or exist for an extended amount of time, convection of 
the molten metal within the joints may occur due to Marangoni forces resulting in additional 
mixing and dilution of the base materials.  In addition, if the laser scan is performed too slowly, 
the interface will experience significant pre-heating long before the laser is able to reach the 
interface and melt the material which will result in unnecessary diffusion between the materials. 
Due to the axial force exerted on the wires, extended periods at elevated temperatures may also 
lead to deformation of the base materials and reduction of the contact resistance at the dissimilar 
metal interface even in the solid state. This would limit the amount of thermal accumulation 






Figure 10 shows an EBSD map of a small region on a cross-section along the YZ-plane of a 
sample joined through autogenous laser brazing. Grains are identified as contiguous regions with 
similar color based on the Euler angle coloring while grain boundaries are added to locations 
where adjacent points have a >5° orientation difference. The left side of the image consists of 
NiTi base metal while the right side of the image is Stainless Steel. Between them is a layer of 
small grains which represents the mixed interface between the two base metals. The grains are 
observed to be roughly equiaxed with some grain in the joint showing some directionality along 
the length of the wires or across the joint. In general, the NiTi grains on the right are observed to 
be larger than those in the Stainless Steel. No significant orientation relationship is observed 
between the base metal grains and the adjacent grains in the joint, which suggests that they did 
not grow from the original base materials.  
 
Figure 10: EBSD map of interface on YZ-plane cross-section of sample joined at 8.5W and 1.75mm/s scan speed. Note 
large grains on left and right and a layer of smaller grains at the center. Coloring is based on Euler angles with red, green, 
and blue representing the (001), (101), and (111) normal orientations for cubic crystals and the (0001), (2110), and (1010) 
normal orientations for hexagonal crystals. No specific orientation relationship is observed between the base metal grains 
and those within the joint. 
A phase map of the same region shown in Fig. 10 is shown in Fig. 11. The phases were identified 
using the combined EBSD/EDS process described in the background section of this work. As 
noted above, the left- and right-most sides of the region are identified as NiTi and Stainless Steel, 





The TiFe2 and TiNi3 represent the majority of the joint while the FeTi is observed as a thin layer 
along the NiTi-joint interface. The TiFe2 and TiNi3 are also thoroughly mixed within the joint, 
showing no specific spatial relationship. This is expected to be due to the fluid flow occurring 
within the joint during processing caused by the combination of Marangoni convection and 
wetting-induced flow along the interface. The thin, nearly uniform width FeTi layer is 
considered to be caused by diffusion of Fe into the NiTi matrix. FeTi and NiTi have identical 
space groups and the transformation from NiTi to FeTi requires only a substitution of a Fe atom 
for a Ni. This excess Ni can then be used to form the TiNi3 in the joint itself. The two phases 
observed in the joint, TiNi3 and TiFe2, also have the same space group but require more than a 
substitution of atoms to change between them. The fact that the two phases are seen to exist even 
within the same grain suggests that maintaining the same orientation between them is the 
energetically favorable configuration. The existence of isolated FeTi/NiTi and Stainless Steel 
grains within the joint region provides further evidence which indicates the existence of 
significant fluid flow during the autogenous laser brazing process between the two wires. 
 
Figure 11: EBSD/EDS Phase Identification Map of region shown in Fig. 11. Joint interface is roughly 5um in width and 






Figure 12: Phase development curves as predicted by CALPHAD simulation for compositions of (a) 48 at% Ni, 37 at% 
Ti, 14 at% Fe, 1 at% Cr and (b) 34 at% Ni, 35 at% Ti, 23 at% Fe, 8 at% Cr. Note initial formation of TiFe2 from liquid 
in both cases followed by formation of Ni3Ti prior to complete solidification.  
Figure 12a and 12b show phase development curves as predicted by the CALPHAD approach 
described in the background section of this work for two different interface compositions. The 
composition simulated in Fig. 12a is 48 at% Ni, 37 at% Ti, 14 at% Fe, and 1 at% Cr, which is 
observed to exist in the upper portion of the joint toward the irradiated surface, closer to the NiTi 
base material. The CALPHAD simulation predicts the initial formation of TiFe2 from the melt as 
it is cooled followed by the formation of Ni3Ti prior to full solidification. Figure 12b shows the 
predicted phase formation for a composition of 34 at% Ni, 35 at% Ti, 23 at% Fe, and 8 at% Cr, 
which is observed throughout the joint closer to the SS base material. Similar to Fig. 12a, TiFe2 
is predicted to form first, albeit at a slightly higher temperature. The Ni3Ti phase also is predicted 
to form but result in a significantly smaller mole-fraction by the end of solidification due to the 
extended time for TiFe2 formation. In both cases, the two phases that are formed first from the 
melt are TiFe2 and TiNi3. This is in good agreement with the phase identification performed by 
EBSD above. The EBSD phase map in Fig. 11 also shows that the region has a greater area 





toward the center of the joined wires, also follows the trend predicted by the CALPHAD 
simulation. It is interesting to note, however, that the formation of FeTi at the NiTi-side of the 
interface was not predicted by the model. This is due to the assumption of a homogenous 
composition made by the simulation. The TiFe forms at a location where there is a significant 
compositional gradient from the mixed joint region to the NiTi base material. At the 
compositions simulated in Fig. 12 no FeTi is predicted to form.  
 
Figure 13: Load-displacement curves for base materials NiTi and Stainless Steel. Note load plateau in NiTi curve 
indicating phase transformation accommodated deformation (i.e. superelasticity). 
5.4.5 Joint Strength 
An ideal joint between dissimilar materials will have a strength that exceeds the weaker of the 
base materials. Figure 13 shows the load-displacement curves for the NiTi and Stainless Steel 
wires in the as-received condition. The stainless steel wire yields at an applied load of roughly 
30N and fractures at a load of nearly 60N after significant plastic deformation. The NiTi sample 
initially deforms elastically until the phase transformation from austenite to martensite occurs at 
about 50N of applied load. A load plateau is observed at this point as the deformation of the 





elastic region is observed and fracture is observed at nearly 160N of applied load. This load-
displacement profile is indicative of the superelastic effect. In a real-world application that 
requires a joint between these two materials it is likely that the NiTi composition would be 
adjusted such that the phase transformation occurred before any plastic deformation would be 
observed in the stainless steel.  
 
Figure 14: Typical Load-Displacement curve for joint formed using Autogenous Laser Brazing process. Appreciable 
plastic deformation is observed after yield, which occurs at the same load observed in the base Stainless Steel material as 
shown in Fig. 13. Total plastic extension is lower than observed in the original base material but is for a shorter length of 
Stainless Steel wire. Note initial shallow slope region due to straightening of the wire by the Bollard gripping apparatus.  
Figure 14 shows a typical load-displacement curve for a sample formed using autogenous laser 
brazing. The initial low-slope region is caused by slack in the wire gripping Bollard apparatus 
used for the tensile testing. Once the wire is taught, the load-displacement curve shows the 
typical elastic portion, which is a combination of elastic deformation of the NiTi and Stainless 
Steel wires, followed by yield at roughly 38N of load, and an extended period of plastic 
deformation of the joined sample to a total elongation of roughly 6mm when fracture occurs. As 





fracture stresses of the base NiTi wire. Thus, the plastic deformation observed in the joined 
sample occurs within the stainless steel side of the joint and no permanent deformation of the 
NiTi is observed.  
The occurrence of fracture in the joined samples at very similar levels of load that induce the 
austenite-to-martensite phase transformation in the base NiTi wires does suggest the possibility 
of the phase transformation itself contributing to the failure. Due to the change in material 
properties across the joint, there exists a stress concentration at the dissimilar metal interface. As 
the joined wires are loaded in tension, both wires start deforming elastically, followed by plastic 
deformation of the Stainless Steel. When the load required to induce the phase transformation in 
the NiTi is reached, the material will undergo the martensitic phase transformation which 
includes a diffusionless, shear-type deformation of the existing austenitic lattice to form twinned 
martensite. Additional loading will cause the twinned martensite to de-twin to accommodate the 
deformation without fracture. Unlike the elastic deformation occurring within the NiTi up to this 
point, however, the martensitic phase transformation is anisotropic at the grain-level. At the 
interface, these anisotropic grains are in contact with more isotropically deforming materials 
such as FeTi, TiFe2, and Ni3Ti. NiTi grains with unfavourable orientations relative to the applied 
load will not as easily accommodate additional deformation through the martensitic 
transformation and de-twinning of the martensite causing additional stress concentrations. This is 
considered to be a potential reason for the failure to occur at the martensitic transformation load. 
Further study is required to elucidate the true relationship at the interface between the shape 






Figure 15: Load at fracture as a function of laser power at constant scan speed. Peak load is observed at same laser power 
that results in most uniform joint width (Fig. 9a) 
5.4.5.1 Effect of Laser Power 
The effect of laser power on the strength of joints formed using the autogenous laser brazing 
process is shown in Fig. 15. The tensile load required to fracture the joints, which were formed at 
a constant laser scan speed of 2mm/s, reaches a maximum at a power level of 8.5W. Both higher 
and lower power levels result in reduced load carrying capability as well as higher variability 
between samples. At the highest power levels, overmelting of the irradiated NiTi wire prior to 
the laser reaching the joint interface. This causes macroscopic displacement of the unmolten, 
extended NiTi wire between the laser and the interface, causing the intended joining surfaces to 
lose contact. Besides the peak at 8.5W, the overall trend in strength of the joints is to increase 
with laser power. The reason for this is shown in Fig. 16 which depicts the fraction of the 
fracture surfaces that were observed to have been joined prior to failure on both the NiTi and 
Stainless Steel sides of the joint. The profile with laser power depicted in Fig. 16 has a strong 
resemblance to that shown in Fig. 15, the load at fracture of the joints. While slightly less 





also minimized at this point. As described above, the joints with the highest strength are also 
those which showed the smallest, most uniform joint thicknesses as depicted in Fig. 9a. As 
shown through EBSD/EDS measurements above, the formation of brittle intermetallics at the 
interface cannot be eliminated. Their thickness, however, does have an appreciable effect on 
their strength due to the maximum crack size that can exist within the brittle layer. As the joints 
get smaller and more uniform, the maximum crack size decreases, increasing the joints resistance 
to fracture. 
 
Figure 16: Fraction of cross-sectional area joined vs. laser power for samples joined at a scan speed of 2mm/s. Note close 
resemblance to joint strengths shown in Fig. 15 both in magnitude and standard deviation. 
5.4.5.2 Effect of Scan Speed 
Figure 17 shows a downward trend in the strength of the joined samples with increasing scan 
speed. As the laser scan speed is increased the overall energy input into the wire is reduced due 
to the constant applied power of 8.5W. As discussed above, this can have the effect of decreasing 
the melt layer size or eliminating the melt layer all together. As scan speed is increased, the 





to cover the entire faying surfaces resulting in decreased strength. At the lowest scan speed of 
1.5mm/s, the strength shows some variation but the average value is nearly the same as the peak 
strength observed which occurs at a scan speed of 1.75mm/s. At this slightly higher speed, there 
is nearly no variation in strength between samples. Strengths drop off steadily as the scan speed 
is further increased. This reason for this profile is explained by Fig. 18, which shows the fraction 
of the cross-sectional area that was joined prior to fracture as a function of scan speed. A similar 
trend to that observed for the strength is shown. The joined area fraction is seen to drop off 
rapidly above a laser scan speed of 2mm/s. Thus, the decrease in load at fracture with scan speed 
is caused by the insufficient joining at the interface due to insufficient melt volume or excessive 
localization of the thermal input. 
 
Figure 17: Load at fracture as a function of scan speed for a constant laser power. Decreasing trend caused by lower 






Figure 18: Fraction of wire cross-sectional area joined at interface as a function of laser scan speed for samples irradiated 
with 8.5W laser power. Note close resemblance to load at fracture profile as a function of scan speed shown in Fig. 17.  
Both sets of experiments, those with varied scan speed and those with varied laser power, 
suggest that optimal strength is achieved for joints which cover the surface area of the wire ends 
while maintaining minimal, uniform joint width across the wire diameter. As the joint itself 
consists of primarily TiFe2 and Ni3Ti, both of which are brittle intermetallics, minimizing the 
width of the joint is crucial so as to take advantage of a smaller initial crack size which leads to a 
greater stress for brittle fracture along the intermetallic layer. 
5.4.6 Fracture Surface Analysis 
Figure 19(a) and (b) show compositional maps over the fracture surfaces of a joint created using 
the autogenous laser brazing process. The maps for each element have been combined into a 
RGB color scheme where the intensity of each color represents the signal intensity captured by 
the EDS for each pixel where red, green, and blue stand for Fe, Ni, and Ti, respectively. Most of 
the fracture surface, on both the NiTi and SS sides of the joint, is dominated by green and blue 





compositional analysis of these regions show that they have a composition of 34.45 at% Ni, 
49.46 at% Ti, 12.86 at% Fe, and 3.23 at% Cr on the NiTi fracture surface and 30.43 at% Ni, 
44.20 at% Ti, 19.21 at% Fe, and 6.17 at% Cr on the SS fracture surface. Since these 
compositions are not the same as either base material it can be concluded that fracture is 
occurring in the joint itself rather than within one of the base materials. Regions with primarily 
red coloring indicate incomplete joining or fracture in the base SS wire.  
 
Figure 19: Representative EDS maps of fracture surfaces on (a) NiTi and (b) SS sides of joint. Red, green, and blue, 
represent Fe, Ni, and Ti. 
The load-displacement curves for the two base materials shown in Fig. 13, above, along with 
electron micrographs of the associated fracture surfaces (not shown), confirms that the base 
materials fail through ductile fracture. While many of the joints produced using the new 
autogenous laser joining process have reached strengths above the yield strength of the stainless 
steel, failure is always observed to occur at the joint rather than in the SS-base material during 
tensile testing. Figure 20 shows a typical fracture surface as seen through electron microscopy 
for a sample joined using the autogenous laser joining process. The surface has a morphology 
indicative of quasi-cleavage fracture, and as discussed above, fracture is believe to be occurring 





joint has yet to be determined, further improvements to Autogenous Laser Brazing joints are 
expected to come through refinement of the laser scanning pattern, both in space and time, to 
provide the most uniform thermal profile at the joint and further reduce melt volume and 
material mixing.  
 
Figure 20: SEM of fracture surface for sample irradiated on SS suggesting quasi-cleavage fracture. 
5.5  Conclusion 
Autogenous Laser Brazing has been investigated for creating seamless joints between two 
biocompatible materials, NiTi and Stainless Steel 316L for medical device applications. Joints 
formed using this method possess strengths which exceed the yield stress of the stainless steel 
base material during tensile testing. EDS mapping of the joint cross-sections indicated that joint 
widths were significantly smaller than the incident laser beam diameter while resultant strength 
measurements suggest that joint strength is closely tied to joint width and uniformity. Fluid flow 
within the melt pool is dominated by Marangoni convection with a positive surface energy-
temperature coefficient. Combined EBSD/EDS maps at the interface identify the joint as 





joint strengths show the viability of autogenous laser brazing as a method for creating robust 






6 Laser  Autogenous  Brazing  of  Biocompatible,  Dissimilar  Metals  in 
Tubular Geometries 
6.1 Introduction 
The joining of dissimilar metals is of great interest to the field of engineering due to the need 
for enhanced performance and decreased weight and cost in a wide range of parts and devices. 
These requirements drive the desire for the use of specific materials in selective and localized 
areas of a part. While straightforward applications of this concept have been realized and are 
enjoying great success in industry, these applications, such as tailor-welded blanks in the 
automotive industry, are generally concerned with joining similar types of metals such as high-
strength steel to mild steel [1]. A greater degree of difficulty is encountered when joining 
materials with vastly different compositions and properties due to the greater possibility of the 
formation of brittle intermetallic phases as well as thermo-mechanical differences such as 
thermal expansion coefficients which lead to stresses within the dissimilar metal joint.  These 
issues keep the majority of dissimilar metals from being joined by traditional joining methods.  
In addition to the inherent issues faced by all dissimilar metal joining processes, joining 
features at the micro-scale introduces further difficulties largely due to the lack of precision in 
thermal input and joint morphology in macro-scale joining processes. Many processes rely on 
global temperature increases in a furnace [2] or the application of extreme forces during 
ultrasonic agitation [3][4]. These processes do not translate to many micro-scale applications 
which require significantly higher dimensional precision and require minimal and localized 
thermal input to protect heat-sensitive components. Requirements for joining dissimilar metals in 
the micro-scale are often encountered in the medical device industry where materials such as 





Platinum, are used for their unique mechanical and thermo-mechanical properties, radiopacity, 
and biocompatibility. The geometry of many parts in implantable medical devices and 
instruments causes additional constraints on the joining process. The use of tubular geometries is 
governed by the need to pass fluids and or other devices through the lumen. Examples include 
stents and catheters. The joining of tubes for these purposes, with their wall thicknesses being 
only hundreds of microns thick, requires even greater precision in the joining process.  
A number of methods for joining dissimilar materials have been developed in order to 
overcome the formation of brittle intermetallics. The addition of an interlayer, which acts as a 
barrier between the two materials to be joined, is a popular option due to the relative ease of 
manufacture and availability of suitable filler materials, such as silver, that do not readily form 
intermetallics with typical base materials.  However, the strength of the interlayer materials, as 
well as their biocompatibility are still major concerns. Filler materials are typically made of 
lower melting temperature materials, which limits the working temperature of the joined part and 
typically is correlated with lower strength. Diffusion bonding of dissimilar metal pairs with and 
without interlayers has been investigated by Ghosh et al. [5] and Kundu et al. [6] with some 
success but requires the application of a substantial stress to the items to be joined and heating of 
the entire part. Campbell et al. has shown the ability to form solid joints between dissimilar metal 
pairs with an interlayer through transient liquid-phase bonding where joining can occur at a 
constant temperature [7]. This method, however, relies on the existence of a melt-temperature 
depressant that can diffuse into the base materials upon heating, thus increasing the solidus 
temperature leading to solidification.  
Localization of the thermal input for joining of micro-scale parts can be achieved by laser 





performed laser fusion welding of the NiTi-SS dissimilar metal pair [8]. While these joints have 
shown reasonable strength, as expected from fusion welding processes, the width of the joint is 
large, resulting in a widespread elimination of shape memory properties surrounding the joint. 
The authors have recently developed a new process, Autogenous Laser Brazing, for joining 
dissimilar metal pairs and showed the capability to join 381μm diameter NiTi and Stainless Steel 
wires in a butt joint geometry [9].  This process takes advantage of the thermal accumulation that 
occurs at the dissimilar metal interface prior to joining to produce a localized braze-like joint 
between the two materials. Joint widths have been shown to reach the micro-meter length scale 
using this process due to the localization of thermal accumulation at the dissimilar metal 
interface. 
In this study, the Autogenous Laser Brazing process is adapted to the joining of NiTi and 
Stainless Steel in tubular geometries. The resultant structural and thermal constraints are 
expected to require significant modifications to the joining process. Laser joining experiments 
are performed and the resultant strength is determined through tensile testing while 
microstructural analysis is performed using optical microscopy (OM) and scanning electron 
microscopy (SEM). Compositional information is provided by Energy-Dispersive X-ray 
Spectroscopy (EDS). Further understanding of the joining mechanism for tubular samples is 
gained through thermal and microstructural numerical simulations.   
6.2 Background 
6.2.1 Laser Autogenous Brazing Process 
In order to mitigate the formation of intermetallics in dissimilar metal joining, the authors have 
developed a new process, Autogenous Laser Brazing to form joints between dissimilar metal 





between the two faying surfaces before the joint is formed. A laser beam is used to precisely 
irradiate one side of the joint while scanning toward the interface. As the laser approaches the 
interface the reduction of conduction pathways from the beam spot causes a greater amount of 
thermal accumulation to occur, causing the temperature to rise. The softened or molten material 
then comes into intimate contact with the adjacent solid part, which is still relatively cool. This 
causes rapid quenching of the irradiated material and minimizes the amount of mixing between 
the two dissimilar materials.  
Through-thickness joining at the interface requires that the temperature profile on the 
irradiated member’s faying surface be uniform. The thermal diffusivity of the material must be 
high enough such that there is not an appreciable difference in temperature between the top, 
irradiated, surface of the member and it’s interior. The strength of the temperature gradient 
formed in a sample under scanning laser irradiation can be described by the Fourier Number 




 (1)  
where α=k/ρcp is the thermal diffusivity, D is the laser beam diameter, v is the scan speed, and so 
is the material thickness. Through-thickness thermal gradients are expected to form for cases 
where the Fourier number is much less than unity. This is caused by the interaction time with the 
laser being much shorter than the time required for thermal diffusion. The tubular geometry of 
the samples used in this study further increases temperature gradients compared to wires, due to 
the lack of a direct conduction pathway across the interior. Rotation of the tubular samples about 
their longitudinal axis, however, allows for direct irradiation around the entire circumference. 





speeds for the same Fourier number and minimal thermal gradients in the circumferential 
direction. 
Since large-scale deformation during joining is undesirable due to the need to maintain part 
geometry, the temperature of the material should be kept below the melting temperature for the 
majority of the irradiated region. An axial force is provided to the parts to be joined during the 
Autogenous Laser Brazing process to promote wetting and quenching of the irradiated material 
on the adjacent, non-irradiated surface.  
6.2.2 Diffusion in Dissimilar Metal Pairs 
In any joining process involving metals at elevated temperatures, diffusion is likely to occur, 
whether intended or not. In the case of joining similar materials, this diffusion is accepted and 
even encouraged in order to create a seamless joint. In the case of dissimilar metal joints where 
intermetallics are expected for form, however, the diffusion of materials across the interface 
must be minimized. As discussed above, one method to mitigate these effects is to eliminate the 
possibility of diffusion through the use of a diffusion barrier or interlayer coating. These layers 
are applied to one or both of the faying surfaces prior to joining and keep the base materials 
separated during and after joining. The other method, which is used during the Autogenous Laser 
Brazing process, is to restrict the maximum temperature achieved in the parts as well as the 
duration of heating to control the total diffusive transport across the interface.  
The diffusive transport between two materials during a thermal cycle can be described as a 
diffusion couple. The two materials are initially separate with different, uniform compositions. 
Diffusion is allowed to occur across the interface with the diffusion coefficient following the 
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where Qef is the activation energy, R is the gas constant, T is temperature, and Defo is the 
interdiffusion coefficient. 
The existence of intermetallics, which have a limited homogeneity range, complicates 
diffusive transport in these material systems since the chemical potential at different 
compositions varies considerably. Even with a purely diffusion-based joining process, constant 
composition regions are expected to form at the intermetallic compositions [10]. The width of an 
intermetallic layer, Δx, formed during diffusion in a diffusion couple at a constant temperature 
can be estimated by the parabolic growth law [11] 
 Δݔ ൌ ݇௢ݐ௡ (3)  
where ko is the parabolic growth constant, t is time and n is nominally 0.5.  
While diffusion has a large role in determining the resultant composition profile across a 
dissimilar metal joint, at higher temperatures caused by slower scanning and greater laser power, 
fluid flow may control the joint formation mechanism, final phases, and microstructure.  
6.2.3 Fracture Toughness 
While fracture toughness is easily measured in macroscopic samples due to the ability to impart 
cracks of known geometries and lengths, these methods produce little-to-no spatial resolution 
due to the large size of the crack. Thus, for samples with locally varying material properties, a 
method to produce smaller cracks that will be confined to within those local variations must be 
implemented. This requirement is met through the use of nanoindentation for fracture toughness 





emanate radially from the corners of the indentation. The hoop stress resulting from the 
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Where γ is a parameter dependent on the indenter geometry, r is the radial distance from the 
center of the indenter, E and H are the modulus and hardness of the material, and P is the load on 
the indenter. This stress is responsible for the propagation of radial cracks. The resultant radial 
crack length from the center of the indentation is measured subsequent to indentation and 
combined with material properties derived from the nanoindentation load-displacement data to 
determine the fracture toughness. The fracture toughness, Kc, of a material is described by Pharr 
et al. [12] as  
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Where E, H, P, and c are the material’s modulus and hardness, the indentation load, and the 
radial crack size respectively. α is an empirical constant which depends on the geometry of the 
indenter tip whether it is a Berkovich, Vickers, cube corner, or other geometry. The spatial 
resolution allowed by performing small indentations can reach sub-micron levels with greater 
spatial resolution achievable with sharper indentations due to the greater residual hoop stress 
introduced by a sharper indenter geometry for the same contact area. An α value of 0.032 is used 
in the current analysis as described by Pharr et al. [12] for a cube-corner indenter geometry. 
6.2.4 Numerical Simulation 
Thermal: A three-dimensional Fourier heat transfer model is used in order to determine the 
thermal profiles in time and space existing within the tubes during the autogenous laser brazing 





mesh density biased toward the joint interface. The laser irradiation is input as a heat flux on the 
outer surface of the tubes following a Gaussian spatial distribution which is translated in a helical 
pattern by applying a coordinate transformation to the nodes on the tube surface. The 
conductance across the interface between the two tubes is directed to change, irreversibly, from a 
low value indicative of two rough surfaces in contact, to the conductance of the NiTi base 
material, at the melting temperature of NiTi, 1583K.  
Convective cooling of the material is included through the use of a heat transfer coefficient 
and a sink temperature of 300K. The heat transfer coefficient is determined through the use of 
the Zhukauskas relation for flow over a cylinder 
 ܰݑതതതത஽ ൌ ܥܴ݁஽௠ܲݎ௡ሺܲݎ ܲݎ௦⁄ ሻଵ ସ⁄  (6)  
where m and C are constants dependent on the Reynolds number, Pr is the Prandtl number, n is a 
constant of 0.37 for Pr<=10, and Prs is the Prandtl number calculated at the surface temperature.  
The cross-flow velocity of Argon across the tubes is calculated using the flow rate and the cross-
sectional area of the argon box. The effect of the tube spinning results in a surface velocity much 
smaller than that due to the Argon flow and is thus neglected. The convective heat transfer 
coefficient resultant from the Argon flow is thus calculated to be on the order of 600W/m2/K.  
Grain Growth: The resultant grain size due to the thermal profile experienced by the material 
is predicted using a spatially resolved Monte Carlo grain growth simulation as described by the 
authors in a previous work [13]. In this case, the simulation is used to determine grain growth 
through solid-phase thermal treatment rather than epitaxial growth. Thus, a new scaling factor 
between the number of completed Monte Carlo Steps (MCS) and time must be determined. The 
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where Δtreal  is the time duration in seconds, λp is the width of a single element in the Monte Carlo 
model, ΔtMC is the number of Monte Carlo Steps, mo is the pre-exponential factor to the mobility, 
p is the driving force for grain boundary motion, Qgb is the activation energy for grain boundary 




 (8)  
where ν is the Debye frequency, b is the length of the Burgers vector, and Ω is the atomic 
volume. For Δtmc=1, Δtreal represents the time duration represented by a single MCS as a function 
of temperature. The spatial resolution of the Monte Carlo simulation used in this model is 
1.33μm. Qgb is set to equal the activation energy of self-diffusion. Using this scaling factor, the 
total number of MCS required to simulate grain growth for a specific temperature time history 
can be calculated as 
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For this study, since the grain growth is expected to occur in the solid state for the majority 
of the laser parameters, the energy for each node in the Monte Carlo model is based only on the 
number of interfaces as determined by the number of nearest-neighbors with a different crystal 
orientation. The effects of surface energy used in the previous work for epitaxial growth are 
removed for this analysis.  
6.3 Experimental Setup 
NiTi and Stainless Steel 304 tubes with respective inner diameters of 940μm and 870μm and 





ground flat and perpendicular to the tube axis using 800-grit Silicon Carbide grinding paper. 
Ultrasonic cleaning was performed in an Acetone bath followed by drying by compressed air. 
The two dissimilar tube samples were aligned in a butt-joint configuration on a three-axis stage 
system consisting of an XY linear translation stage and a horizontal rotary axis. The tube to be 
irradiated was mounted in a chuck on the rotary stage and the second tube is aligned 
concentrically with the first and is held by bearings to allow for free rotation. Rotation is 
constant at a speed of 3600°/s. An axial force is applied to the non-driven tube through a weight 
to ensure consistent and repeatable force application. Inert gas shielding is provided by Argon 
flow into a box surrounding the joint at a flow rate of 10cfh.  
Irradiation of the tubes is performed with a Fiber laser with a maximum power output of 20W at 
the 1064nm YAG wavelength. Laser firing is synchronized with the stage motion allowing for 
consistent laser scan paths. Processing was performed using continuous-wave (CW) laser 
irradiation. A schematic diagram of the experimental setup and laser scan path are shown in Fig. 
1. 
 
Figure 1: Schematic diagram of laser processing setup for tube joining. Note helical laser scan path to promote 








Figure 2: Optical micrograph of typical joint produced between NiTi and Stainless Steel tubes through the Autogenous 
Laser Brazing process. Note discoloration on outer surface of NiTi tube due to oxidation. 
6.4.1 Joint Geometry 
Figure 2 show an optical micrograph of a NiTi-Stainless Steel dissimilar metal joint as 
formed by the autogenous laser brazing process. Oxidation caused by the heating cycle is 
observed locally around the joint interfaces and is limited primarily to the NiTi-side of the joint. 
No evidence of melting or deformation of the Stainless Steel tube is observed on its outer 
surface. This indicates that the majority of the laser interaction and temperature rise was 
experienced by the irradiated tube as desired to minimize diffusion and/or other mass transport 
across the dissimilar metal interface. Some deformation of the geometry is induced, evidenced 
by the increase in the outer diameter of the NiTi tube adjacent to the joint. This deformation is 
more pronounced for samples irradiated under higher laser powers due to excessive 
softening/melting resulting in buckling and collapse of the original tubular geometry. At the 
lower power levels, no evidence of large-scale melting of the NiTi-side of the joint is observed. 
Samples irradiated at higher power levels do show evidence of melting in so much as they 
possess smooth outer surface morphologies where laser irradiation occurred with evidence of 
some fluid flow in the solidified geometry. Each helical laser scan can also be observed in the 





     
Figure 3: EDS maps of tube wall after cross-sectioning on YZ-plane for laser powers of (a) 13W and (b) 15.2W. Note 
greater deformation for higher power processing. Red, green, and blue represent Fe, Ni, and Ti. 
Figure 3 shows EDS maps of samples irradiated at two different power levels after cross-
sectioning and polishing. It is observed that the thickness of the NiTi tube walls increases in the 
irradiated portion due to softening of the material during irradiation and the application of an 
axial force. The sample irradiated at lower power, Fig. 3a, shows a modest increase in thickness, 
allowing the thinner NiTi tube wall to nearly match the thickness of the SS tube wall at the 
interface. The sample irradiated at higher power, Fig. 3b, experiences excessive deformation and 
thickening of the tube wall at the joint resulting in a NiTi wall thickness greater than that of the 
SS. This has the effect of increasing the overall joining area for samples irradiated at higher 
powers and the resultant strength of the joints must be viewed in light of this increased surface 
area. The cross-sections also indicate that joining was achieved across the majority of the 
thickness of the NiTi tube wall for both laser powers. The lumen of the tubes, which must remain 






Figure 4: EDS line scans across joint interface for samples irradiated at (a) 13 and (b) 15.2W. Follows paths along center 
of tube wall depicted in Fig. 3a and 3b. 
6.4.2 Joint Composition 
The EDS color maps in Fig. 3 also describe the mixing between materials occurring during 
the joining process. In each figure, Fe, Ni, and Ti are represented by red, green, and blue 
coloring respectively. The NiTi sides of the joints are a uniform green/blue coloring and the SS 
portion has red coloring. The interfaces between the two regions for the two laser power levels, 
however, are starkly different. At lower laser power, the interface is delineated by a sharp change 
in the composition. Some regions along the interface show some signs of greater mixing but the 
joint width is narrow relative to the tube wall thickness. At the higher power level shown in Fig. 
3b, the region with mixed red/green/blue coloring is significantly wider and non-uniform with 
the narrowest region occurring at the midpoint of the wall thickness. The mixed region is also 
observed to extend past the original interface position, into the SS tube material. This suggests 
that, at the higher power levels, melting of the SS-side of the joint does occur. This is undesirable 
due to the added mixing occurring for such samples which is expected to result in the formation 
of a greater volume of brittle intermetallic phases. Figure 4a shows the atomic fractions of Fe, 





across the interface indicates a diffusion-dominated joining mechanism with its monotonic, 
sigmoid-shaped composition contour across the interface. Joints that are formed through a melt-
dominated process between the same materials have shown the layer between the base materials 
to be a nearly constant composition due to the strong mixing caused by Marangoni convection 
within the melt pool [9]. No evidence of such constant composition region is observed in these 
profiles.  
Figure 4b shows a composition profile across a joint that was formed at a higher laser power 
of 15.2W. The profiles show a significantly wider mixed zone between the two base materials 
with large oscillations across its width. Some evidence of constant-composition regions within 
the mixed zone is observed, such as the region between 38μm and 42μm positions. This could be 
caused by two different mechanisms, either melting or long-term diffusion in the solid state. As 
described above, with intermetallic phases with narrow homogeneity ranges expected to form in 
a Ni-Ti-Fe mixture, diffusive mass transport across the interface will cause the formation of 
constant-composition regions within the mixed layer. The width of these regions is a function of 
the temperature profile in time as described in Eq. 3. For higher temperatures and longer 
processing times, the width of the intermetallic layer is expected to increase. The frequent and 
large oscillations in the composition profiles across the mixed zone, however, indicate that a 
mechanism beside diffusion, which would result in a monotonic change in composition across 
the interface, is responsible for the mixing at these higher laser powers. It is believed that the 
composition profiles are a result of a combination of diffusion and high-temperature 
deformation.  
Figure 5 shows the width of the mixed zone observed at the interface as measured by EDS 





function of laser power except at the highest laser power. For the lowest power levels, no 
evidence of large-scale melting of the tube walls is observed in the microstructure. This suggests 
that the layers are formed in a diffusion-based mechanism. The thickness of the joint is also 
observed to be nearly constant along the wall thickness of the tubes. This is expected since, for 
the parameters considered in this study, the Fourier number as calculated from Eq. 1 suggests 
that there will be a negligible temperature gradient across the wall thickness. The significant 
differences in joint thickness for the high-power irradiated samples is considered to be due to 
deformation of the softened, mixed material rather than inhomogeneous temperature profile 
across the wall thickness.  
 







Figure 6: Thermal contours during laser processing from numerical simulation. Simulated geometry cross-sectioned 
along YZ-plane for clarity. Note sharp drop in temperature across interface prior to joining. 
Thermal: With the narrow homogeneity ranges of the intermetallics phases expected to form 
in a Ni-Ti-Fe mixture, the formation of these phases is nearly guaranteed at elevated temperature 
and even short time durations. Equation 3 describes the width of the intermetallic layers as a 
function of the thermal profile in time, which can be determined through numerical simulation of 
the joining process. Figure 6 shows a temperature color contour map of the two tubes during 
irradiation from the numerical simulation. A sharp drop in temperature is observed across the 
dissimilar metal interface before joining due to the low thermal conductivity across the interface. 
The temperature uniformity in the circumferential direction is high due to the high rotation rate 
and large laser beam diameter, which is roughly equal to the tube diameter. In addition, as 
predicted by the Fourier number as described by Eq. 1, there is a minimal temperature gradient 
across the thickness of the tube wall. Figure 7 shows the temperature time histories of a number 
of points different distances away from the interface. Oscillation of the temperature is observed 
to the greatest extent in locations where direct irradiation by the laser occurs and is caused by the 
laser passing that point periodically due to the rotation of the tube. Points closer to the start of the 
laser scan path experience overall lower maximum temperatures that occur earlier during the 
processing due to the reduced time for heat accumulation by the time the laser reaches that 





of the irradiated region experiencing the highest temperatures and the beginning and ends of the 
laser scan path reaching lower temperatures. While the points close to the start of the scan path 
will reach a lower temperature due to the shorter duration of laser interaction by the time the 
laser reaches those points, for points at the end of the laser scan path, the tube will have 
experienced the greatest duration of heating by the time they are reached. The lower maximum 
temperature at the interface is likely due to the quenching effect from the adjacent SS tube. The 
current thermal model switches the gap conductance at the melting temperature of NiTi. For the 
current set of parameters, the interface nodes reach this temperature before the laser has reached 
that position. Thus, while thermal accumulation due to the low gap conductance is active during 
the initial stages of laser scanning, by the time the laser has reached the end of its path, the 
joining and quenching has already occurred. 
 
Figure 7: Simulated temperature time histories from nodes at different distances away from the joint interface along the 
irradiated tube surface. Oscillation in temperature due to rotation of sample under laser beam. 
6.4.3 Grain Growth 
Figure 8a-c shows portions of the cross-sections (YZ-plane) of a sample joined by 
autogenous laser brazing different distances away from the joint interface after etching by 





increase in the irradiated region due to the high temperatures experienced during processing. The 
base NiTi tube has a grain size of roughly 8μm which increases to a maximum of roughly 30μm 
close to the joint interface. The majority of the grain growth is confined to the irradiated region 
with some growth occurring to areas not directly affected by the laser. Figure 9 shows grain size 
as a function of distance from the joint interface for samples irradiated at two different laser 
powers. The two curves show that grain growth does extend past the laser start position to the 
un-irradiated material and that the grain size closer to the laser start point are quite similar for the 
two laser powers. More significant changes in grain size, however, are observed as the joint 
interface is approached. For lower laser powers, the grain size decreases at the interface while for 
the higher laser power the grain size continues to increase. This difference in distribution is 
considered to be caused by the difference in thermal energy stored in the materials. For low laser 
powers, the peak temperature will be lower along the entire irradiated path. This heat can be 
quickly dissipated once the joint is formed to the comparatively cool SS tube. For the higher 
power sample, overheating of the NiTi material occurs, resulting in slower quenching of the 
material upon contact with the SS. 
 
Figure 8: Optical micrographs of typical tube wall cross-section after mechanical polishing and chemical etching. Images 






Figure 9: Average grain size as a function of distance from joint interface as measured though line-intersect method on 
samples joined at two separate laser powers. Note decrease in grain size at interface for lower power. 
Grain Growth: The number of Monte Carlo Steps (MCS) required to simulate grain growth 
as a function of distance from the joint interface can be determined from Eq. 9 which includes 
considerations for the temperature time histories at each node. Due to the higher maximum 
temperature occurring farther from the joint interface, the number of MCS required to model the 
grain growth in those regions is higher. Figure 10 shows the grain size estimated by the Monte 
Carlo model as well as the experimental results for the same laser parameters. Both curves show 
an increase in the grain size in the region irradiated by the laser. Both curves also show that the 
maximum grain size does not occur at the joint interface. While the Monte Carlo model does 
slightly under-predict the grain size, the overall trend in the grain size as a function of position, 
as well as the strong agreement in the grain size between the simulation and experiments, 
suggests that the Monte Carlo model captures most of the physical processes responsible for 
grain growth during the Autogenous Laser Brazing process. It is important to remember at this 
point, however, that the Monte Carlo model does not account for grain annihilation due to 
melting. In reality, if the material under irradiation were to experience the thermal profiles 





solidification. Regions that experience melting and resolidification would not be expected to 
have a microstructure with any resemblance to the base material due to the unique thermal 
profile caused by localized laser irradiation. Thus, it is expected that the thermal model may 
currently overestimate the temperature in the irradiated region and that, experimentally, the 
temperature does not get over the melting temperature for the majority of the laser scan path. 
 
Figure 10: Grain size as predicted by the Monte Carlo simulation and as measured experimentally for sample processed 
at 13W power level. Note close agreement in grain size over laser scanned region. 
The grain growth observed within the wall of the irradiated tubes also provides evidence as 
to the mechanism responsible for joining in this study. Following the laser along a path along the 
length of the tube toward the interface, the grain size increases in a monotonic fashion from a 
roughly the laser start point to a maximum some distance away from, or at the interface. No 
sudden jumps in grain size, to larger or smaller grains, are observed along the path and grain 
sizes tend to the base material’s grain size at the edge of the irradiated zone. These results 
suggest that little-to-no melting has occurred in these sections. If melting had occurred, the initial 
grain size of the base material would be erased, and due to the quick quenching provided by the 





grain size would be expected to form. Thus, initial evidence suggests that the Autogenous Laser 
Brazing process, when applied to samples with a tubular geometry, results in primarily a 
diffusion-based joining mechanism. This is in contrast to the authors’ previous work where it 
was found that for the joining of 381μm diameter NiTi and SS wires, the joining was caused by 








Figure 11: (a) EBSD grain map with euler angle coloring. Note large grains on NiTi (left) side of joint, equiaxed grains on 
SS (right) side of joint, and columnar grains oriented along axial direction of tubes in the joint region. (b) Phase map of 
region shown in (a). Note formation of multiple phases in single grain regions. 
6.4.4 Phase Identification 
Figure 11a shows a grain map obtained through EBSD along the cross-section of the joined 
sample which was compositionally mapped in Fig. 3a. Large grains are observed on the NiTi 
(left) side of the joint while small, equiaxed grains are observed in the stainless steel base 
material on the right side of the map. Between the two exists a region of columnar grains 
oriented parallel to the axis of the tubes with each grain spanning nearly the entire width of the 
joint. Figure 11b shows a phase map of the same region shown in Fig. 11a. The leftmost and 
rightmost regions of the map are confirmed to consist of the NiTi and Stainless Steel base 
materials, respectively. Overall, it is observed that the different phases in the joint form in layers 
parallel to the original interface. The location of each phase is also observed to follow the trend 
predicted with increasing Fe-content by the ternary Fe-Ni-Ti phase diagram going from the NiTi 
base material, through the joint, to the stainless steel. A NiTi/FeTi mixture, Ni3Ti, and TiFe2 are 
observed to form in succession across the joint.   
When Fig. 11b is analyzed in terms of Fig. 11a, it is noted that the grains within the joint consist 
of two phases, TiFe2 and Ni3Ti, in as much as their orientations, as depicted in Fig. 11a, are 





joint and the Ni3Ti closer to the NiTi base material. A similar phenomenon is observed toward 
the NiTi base material. The phase map shows a mixed FeTi/NiTi layer adjacent to the NiTi base 
material which, as shown in Fig. 11a, has the same orientation as the adjacent NiTi grain. In both 
of these cases, it is important to note that within both the TiFe2/Ni3Ti and FeTi/NiTi pairs, the 
two phases share the same crystallographic space group which indicates that their levels and 
types of symmetry are identical. In addition, both FeTi and NiTi share the same CsCl-type 
structure with the conversion between the two phases only requiring substitution of a Fe-atom for 
a Ni-atom or vice versa. In the TiFe2/Ni3Ti grains, this suggests that one of the phases formed 
after the other, and formed at the same orientation as it provided a way to eliminate additional 
grain boundary energy. The columnar morphology of the grains also suggests the occurrence of 
directional growth during the joining process. It is interesting to note, however, that there is no 
observable orientation-dependence between the columnar grains within the joint and either of the 
base materials.  
Figure 11c shows an SEM image of the region mapped in Fig. 11a and b. On the leftmost side of 
the image with only pure NiTi base material, surface relief indicative of martensite is observed. 
This surface relief is likely caused by the formation of a thin layer of martensite within the 
austenitic grains due to plastic deformation induced by the grinding and polishing process. The 
adjacent NiTi/FeTi region, however, does not show this surface relief despite the fact that the 
crystallographic orientation is the same and the material includes some NiTi. Thus, this mixed-
phase region is not expected to exhibit shape memory properties. The formation of surface relief 
in the pure NiTi portions of those grains, however, suggest that this loss of shape memory 







Figure 12: (a) Grain map and (b) phase map of joint region for sample irradiated at laser power of 15.2W. Note 
significantly greater joint width than observed in Fig. 11 and equiaxed grain geometry. 
Figure 12(a) and (b) show a grain map and a phase map for a sample irradiated at a higher power 
level whose composition profile was shown in Fig. 4b. Processing at this higher power level was 
shown to form a wider joint which is confirmed through the EBSD measurements. This portion 
of the joint is roughly 20μm wide. A more significant difference between samples irradiated at 
low powers and high powers is observed, however, when considering the microstructure of the 
joint itself. At low powers, as shown in Fig. 11a, the grains within the joint form a columnar 
geometry parallel to the tube axis. At a higher laser power as shown in Fig. 12a, however, the 
grains within the joint are equiaxed, showing no evidence of directionality. In addition, multiple 
grains are observed to form across the joint’s width in contrast to the single grains spanning the 
joint width in Fig. 11a. The distribution of phases at high powers also shows some differences 
with a significantly higher percentage of the Fe-rich TiFe2 phase compared to TiNi3 due to the 
greater thermal input and resultant mixing between the base materials. Overall, the same phases 





intermetallic phases are observed to form in both cases, it will be shown that the joint strength is 
a strong function of the joint width and uniformity.  
 
Figure 13: Joint strength vs. laser power. Note sharp drop in joint strength at 14W.  
6.4.5 Joint Strength 
Figure 13 shows the strength of the joined samples measured in tension along the axis of the 
tubes for a range of applied laser powers, holding other parameters such as axial translation 
speed, laser spot overlap, axial force, and beam spot size constant. Due to differences in 
geometry for the samples irradiated at different laser powers, load at fracture values were 
normalized by the projected area of the fracture surface to determine the stress at fracture for 
each sample. The joint strength is observed to be the highest and the most consistent at the lower 
power levels of 12W and 13W. As laser power is further increased to 14W, a sharp drop in 
strength is observed which continues on to the samples irradiated at the 15W power level. Joint 
strength increases slightly for the samples joined at the 17.3W power level. While there seems to 
be little trend in the tensile strength results with power, these results can be better understood 
when they are considered in conjunction with the joint width and joint geometries discussed 





laser parameters. While the overall tubular shape of the members is maintained, higher laser 
powers show greater deformation and bulging in the joined region. At the highest laser powers, 
this causes the irradiated NiTi tube material to encompass the adjacent SS tube wall, which 
significantly increases the joining area and changes the joining geometry such that some regions 
are under tension and some under shear loading. While any increases in the projected area can be 
accounted for in the strength, increases in joining area under shear loading, caused by joining 
faced being perpendicular to the loading direction, are not included in the area calculation. It is 
believed that this increased joining area caused by the displaced NiTi material coming into 
contact with the inner and outer surfaces of the SS tube are responsible for the increased strength 
for the samples irradiated at the 17.3W power level. The joints produced by the Autogenous 
Laser Brazing process at the lower power levels show good strength with some reaching over 
500MPa in tension. In comparison, the base NiTi tube material undergoes a phase transformation 
between austenite and martensite at roughly 480MPa. This phase transformation, however, was 
not observed during tensile testing. Figure 14 shows the NiTi and SS fracture surfaces from a 
joint formed at the 13W power level. The areas that were joined before fracture can be identified 
by their brighter appearance and lack of oxidation-induced discoloration. The joining between 
the NiTi and SS tubes at low power was limited to a cross-section roughly the size of the NiTi 
tubes cross-section as shown by the greater joint inner diameter (I.D.) relative to the tube I.D. on 
the stainless side. At higher power levels, the joint was observed to encompass a much larger 
cross-sectional area than either the NiTi or SS tube cross-sections. This is enabled by the 
excessive deformation of the tubes during joining causing them to collapse and lose their shape. 
As shown in Fig. 15, which depicts the projected cross-sectional area after fracture as a function 





original NiTi cross-section. This difference between the joint cross-section and the base 
material’s causes the stress in the NiTi to be lower than at the joint, causing the phase 
transformation not to occur. At the higher power levels, the joining area is greater than both the 
base materials, however, the overall strength is too low to cause the phase transformation to 
occur in the NiTi tube. 
 
Figure 14: Optical micrographs of fracture surface for sample processed at 13W laser power. Note joining across entire 
NiTi tube wall (Left) and a portion of the thicker SS tube wall (Right) as indicated by Tube and Joint Inner Diameters 
(I.D.) and Outer Diameters (O.D.). 
The overall trend of reduction of strength as a function of laser power can be explained 
through the microstructure and thickness of the mixed layer formed between the two base 
materials. As shown in Fig. 5, the width of the joint increases with power due to the greater 
temperature achieved and resultant greater mixing between the materials. While the thickness of 
the joint may seem inconsequential, the brittle nature of the intermetallic phases that can form in 
a NiTi-SS mixture cause it to be an important consideration. Since brittle fracture is the expected 
failure mechanism in such materials, the failure stress is a function of the fracture toughness and 
the initial crack size. As the dimensions of the mixed layer decrease, so does the maximum initial 
crack size which leads to a higher fracture strength. Wei, et al. have shown similar results for the 






Figure 15: Projected area of fracture surface as a function of laser power. Note small fracture area for low power 
irradiation and overmelting resulting in larger projected areas for high power irradiation. 
Another goal of the Autogenous Laser Brazing process is to create microstructures within the 
joints that are less susceptible to brittle fracture. While Fig. 5 shows that the overall width of the 
joints increases with laser power, the microstructure within the mixed layer could be any 
combination of phases with different thicknesses. The authors have shown that joining between 
NiTi and SS with a melt-dominated process results in a near-homogenous composition across the 
mixed layer due to the strong mixing due to diffusive and convective mass transport. The 
composition profiles shown in Fig. 4, however, only show constant composition mixed layers to 
form at higher laser powers. At the low laser powers such as in Fig. 4a, the composition is seen 








Figure 16: Modulus (a) map and (b) line profiles of a localized region around the joint for a sample irradiated at a laser 
power of 13W. Note similarity between modulus of stainless steel base material and intermetallics within the joint.   
6.4.6 Spatially­Resolved Material Characterization 
Spatially-resolved characterization of the joint and the adjacent base materials is performed 
through nano-indentation mapping. Samples are loaded under a Berchovich indenter tip at a 
spacing of 300nm to a maximum load of 0.4mN. Figure 16a and 16b show a modulus map and 
line profiles about the joint for a sample irradiated at a low power level of 13W. The modulus 
map clearly captures the variation in material properties between the two base materials. The 





two base materials, the layers of intermetallic phases results in a gradient in modulus which 
shows an increasing trend going from the NiTi to the Stainless sides of the joint. The modulus of 
the TiFe2 intermetallic is nearly the same as the stainless steel base material and thus the 
interface between the joint material and the stainless steel cannot be easily discerned.  
 
 
Figure 17: Hardness (a) map and (b) line profiles of a localized region around the joint for a sample irradiated at a laser 
power of 13W. Note intermetallics are significantly harder than either of the base materials and gradual change from 





The hardness map and line profile shown in Fig. 17, however, shows significant differences 
between the materials with the intermetallics having the highest hardness. A gradient in hardness 
is also observed across the width of the joint, increasing toward the stainless steel side of the 
joint. The hardness of the base stainless steel, however, is significantly lower than the adjacent 
TiFe2 layer which results in a clearly defined boundary. The hardness changes more gradually on 
the NiTi-side of the joint which is expected considering the greater amount of diffusion 
occurring on within the irradiated tube. As shown in Fig. 11 above, the phase interfaces are more 
diffuse on the NiTi-side of the joint. The width of the joint as observed from the hardness map is 
very similar to that observed experimentally though optical imaging and EBSD with the 
inclusion of the FeTi layer. It is interesting, however, to note that the layer of FeTi observed on 
the NiTi-side of the joint does show significantly different material properties to the base NiTi 
material. It was observed through SEM imaging that, while the two phases existed within the 
same grain, the surface relief indicative of shape memory properties was lacking in the FeTi 
region. This gives us an estimate of what distance away from the interface the material properties 
are changed from that of the base NiTi material. Overall, we see that a narrow region roughly 
1μm wide at the interface exhibits properties which vary from the NiTi base material. This 







Figure 18: Modulus (a) map and (b) line profile for a sample irradiated at a laser power of 15.2W. Note the large joint 
width when compared to that shown in Fig. 16. Modulus of intermetallics is again similar to that of the stainless steel. 
Gradient is observed toward NiTi side of joint. 
Figure 18a and b show a modulus map and line profile for a sample irradiated at a higher power 
level of 15.2W. As shown in Fig. 3 above, this results in greater deformation at the interface and 
a wider joint. Unlike the modulus map for the sample irradiated at 13W shown in Fig. 16, a 
gradient in modulus is not formed for the higher power level. This is consistent with the greater 
mixing between the intermetallic phases for samples irradiate at higher power levels. The greater 





shows a region roughly 20μm wide with increased hardness. A slight gradient is observed across 
the joint, increasing toward the stainless steel side of the joint, which is most apparent in the 2-
dimensional map.  
 
Figure 19: Hardness (a) map and (b) line profile for a sample irradiated at a laser power of 15.2W. Hardness line profiles 
show greater uniformity of hardness across joint than that observed for samples irradiated at lower power level of 13W 






Figure 20: Scanning electron microscope image of indentation performed within joint of sample irradiated at laser power 
level of 13W. Note primary radial crack extending upwards from one corner of indentation. Significantly smaller cracks 
are observed on the other two corners.  
 
Figure 21: DIC optical micrograph of indentation shown in Fig. 21. Note location of indentation within joint and 
proximity of lower corners to base materials which blunt crack growth. 
Measurements of fracture toughness can also be performed in a spatially resolved manner using 





corner indenter tip on a sample irradiated at the lower power level of 13W. Some pileup of 
material around the indentation is observed which is due to plastic deformation. Cracking is 
observed around the indentation with a long primary radial crack observed to form from the top 
corner of the indentation impression. The other two corners of the indentation show much 
smaller radial crack lengths. This variability in crack lengths can be understood in terms of the 
joint geometry. Figure 21 shows an optical micrograph of the same indentation showing the 
width of the joint in which the indentation was placed, and the relative orientation of the tip. The 
uppermost corner of the indenter is oriented such that the stress concentration at the corner 
applies a stress directly perpendicular to the joint surface. This produces the long radial crack 
which propagates along the joint plane. The other two corners of the indenter result in cracks 
which are directed toward the two base materials. The base materials are significantly more 
ductile than the intermetallics within the joint which result in blunting of the crack tips and 
significantly shorter crack lengths. The fracture toughness of the material within the joint, based 
on the single, long crack is calculated to be roughly 1.5MPa(m1/2). An SEM image of an 
indentation performed within the larger joint formed within samples irradiated at a laser power of 
15.2W is shown in Fig. 22. Rather than primary radial cracks, however, only secondary radial 
cracks are observed. As the highest stress concentrations under the indenter tip are located at the 
corners of the indentation, the formation of secondary radial cracks which form on the flat edges 
of the indentation impression, requires a locally lower fracture toughness at that location. This is 
most likely due to the highly anisotropic nature of the hexagonal intermetallics formed within the 
joint. The preferred cleavage plane for hexagonal materials is the (0001) basal plane. The size of 





in the EBSD map in Fig. 12. As the stress field develops around the indenter, grains with 
orientations which result in the greatest stress on this cleavage plane fracture first. 
 
Figure 22: SEM image of indentations performed within joint for sample irradiated at laser power of 15.2W. Note lack of 
primary radial cracks and single secondary radial crack initiated at edge of indentation impressions (inset).  
Figure 23a and 23b show the modulus over hardness ratio for the samples described in Fig. 16 
and 17 above. The modulus over hardness ratio, which is has a strong effect on the fracture 
toughness as seen in Eq. 5, of the intermetallic phases within the joint is nearly identical to that 
of the NiTi base material, both of which are lower than that of the stainless steel base material. 
As the E/H term in Eq. 4 describes the strength of the residual stress field left by the plastically 
deformed material under the indentation and is proportional to the maximum crack opening 
force, the properties of the intermetallics themselves do not result in higher stresses under 
indentation loading. Rather, the lower fracture toughness of the intermetallics within the joint 






Figure 23: Modulus over hardness maps for the samples shown in Fig. 16 and Fig. 17 above. Note the uniformity of the 
E/H ratio in the NiTi and joint regions. This suggests that the residual stress field surrounding the indenter which is 
responsible for radial crack growth is the same between the two materials.  
6.4.7 Fracture Surface 
Figure 24 shows a fracture surface representative of that observed on samples irradiated at lower 
power levels obtained from scanning electron microscopy. The fracture surface itself is 
indicative of quasi-cleavage fracture. A feather pattern is observed in the upper portion of the 
image, a feature corresponding to brittle transgranular fracture. Toward the lower half of the 
image, however, features are observed which are consistent with ductile tearing. These features 





as quasi-cleavage fracture. As shown above in Fig. 13, samples irradiated at lower power levels, 
which exhibit quasi-cleavage fracture surfaces, show high strength values.  
 
Figure 24: Representative fracture surface for sample irradiated at low laser power of 13 W. Surface shows features 
indicative of quasi-cleavage fracture. 
 
Figure 25: Representative fracture surface for sample irradiated at high laser power of 15.2W. Note surface morphology 
indicative of transgranular fracture. Multiple grains are observed in the in-plane direction. 
Figure 25 shows a representative fracture surface image obtained through SEM of a sample 
irradiated at a higher power level. The fracture surface morphology is significantly different than 





evidence of intragranular fracture is observed with multiple grains observed to intersect the crack 
surface. Roughly circular features are observed on the fracture surface that are roughly 2μm in 
diameter. These circular sections are believed to be the grains formed within the dissimilar metal 
joint. The size of the circular regions agrees well with the grain size in the radial direction as 
seen through EBSD as shown in a sample irradiated with identical parameters shown in Fig. 12.  
It is important to note that the interface formed at higher laser powers has a structure consisting 
of multiple grains spanning the joint width. The larger joint width compared to the samples 
irradiated at lower laser powers results in a larger volume of brittle intermetallic material at the 
interface. Since cleavage is observed to occur on (0001) planes in hexagonal crystals. The TiFe2 
and Ni3Ti phases formed at the interface both have a hexagonal structure. The formation of 
multiple grains within the joint results in a greater variety of crystallographic orientations to 
form, increasing the probability that a (0001) plane will be oriented perpendicular to the loading 
direction. Cracks forming within this region are also able to travel larger distances without 
encountering the ductile base materials. In contrast, for thinner joints, the joints consist of an 
intermetallic layer that is one grain thick. This results in less avenues for crack propagation 
through the intermetallic and the resulting quasi-cleavage fracture morphology. 
6.5 Conclusion 
The use of Autogenous Laser Brazing, a new process for joining dissimilar metals without 
filler materials, has been investigated for the joining of 1mm diameter NiTi and Stainless Steel 
tubes. Joint strengths achieved using this process reach 500MPa, approaching the phase 
transformation stress of the NiTi base material as well as the tensile strength of soft-temper 
stainless steel. Joints created through this process do not encroach on the lumen of the tubes, 





joint widths are a strong function of applied laser power with the thinnest joints having a width 
of less than 10μm. Sequentially coupled finite element thermal and Monte Carlo grain growth 
simulations suggest that the joining mechanism for tubes is diffusion-based rather than the melt-
dominated mechanism observed in a previous study by the authors on joining NiTi and Stainless 



















In conclusion, a number of processes aimed at the modification and integration of shape memory 
alloys have been investigated. The modification of shape memory properties in thin film NiTi is 
investigated through the use of solid-state annealing of initially amorphous thin films as well as 
laser-annealing of crystalline NiTi thin films. A new process for the integration of these 
materials into devices is developed and the joining mechanism responsible for the joint 
formation is analyzed through experimental and numerical investigations. The major 
contributions of each study are summarized below. 
7.1 Transformation Temperature Control 
The deposition of NiTi in thin film form by magnetron sputter deposition at low temperatures 
enables for the formation of homogenous, amorphous, Ti-rich film structures not achievable in 
bulk samples. The subsequent solid-phase annealing results in crystallization and the 
development of shape memory properties. Analysis of the resultant transformation temperatures 
is performed through in-situ temperature dependent optical microscopy and x-ray diffraction. 
The latter process confirms the formation of NiTi2 precipitates. The change in phase 
transformation temperatures is caused by the formation of Ti-rich NiTi2 intermetallics which 
reduce the Ti-content in the NiTi matrix.  
Optical measurements of martensitic surface relief show the reduction in surface relief length 
with annealing temperature and time through interactions with growing precipitates. 
Characterization of the shape memory properties of the films is performed through the use of 
nanoindentation to observe depth recovery upon unloading for superelastic films. Recoverable 





combined nanoindentation-atomic force microscopy method is implemented for characterization 
of indentation depth recovery upon heating of films exhibiting the shape memory response. It is 
shown that, through the careful selection of annealing temperatures and times, the phase 
transformation temperatures of the resultant crystalline films can be continuously controlled 
between those which cause the films to exhibit superelastic and shape memory properties. 
7.2 Crystallographic Texture Formation 
Due to the anisotropy of the shape memory response, the development of a preferred 
crystallographic orientation would allow for strengthening of the shape memory response in 
specific directions. The formation of crystallographic texture in NiTi thin films by Excimer laser 
irradiation is investigated through spatially-resolved electron backscatter diffraction 
measurements as well as x-ray diffraction techniques. The mechanism of texture formation was 
initially hypothesized to be surface energy driven abnormal grain growth which would result in 
the formation of a (110) normal texture. Grains with (110) normal orientation are expected to 
grow as the partially molten film solidifies due to their lower surface energy. 
The development of such a texture is confirmed through experimental measurements and its 
strength is found to be an increasing function of laser fluence. As the laser fluence is increased, a 
greater amount of the film is melted, allowing for a greater amount of resolidification and thus a 
stronger preferred crystallographic orientation to form. Confirmation of the texture formation 
mechanism is performed through the development of a 3-dimensional Monte Carlo grain growth 
model which includes considerations for surface energy anisotropy. The 3-dimensional model is 
built through the stacking of multiple 2-dimensional Monte Carlo simulations. Crucially, a 
scaling factor between the Monte Carlo Steps (MCS) used in the simulation and the melt 





strength predicted and that measured through x-ray diffraction. The simulated change in texture 
strength is observed to fit well with that observed experimentally and results in the increase of 
(110) oriented grains within the NiTi film.  
7.3 Dissimilar Metal Fusion Welding 
The integration of dissimilar metals often requires joining methods which can form hermetic 
seals, especially in industries such as medical devices. Such requirements are oftentimes met 
through the use of welding or brazing processes which use a molten material to form the joint 
between the two base materials. When applied to dissimilar metals, however, this often results in 
the formation of brittle intermetallic phases where the materials are mixed and limited strength 
and durability of the joints. The microstructure, phases, and strength of fusion welded joints 
between Ti and Stainless Steel is investigated to develop an understanding of the relationships 
between the joint morphology and structure to the joint strength.  
The microstructure of the joints is analyzed through metallographic analysis of cross-sectioned 
samples. It is observed that the microstructure within the joint consists of TiFe dendrites within a 
β-Ti matrix. Joining is also observed to occur below the main melt pool which results in a 
microstructure that is significantly different. Compositional fluctuations are not observed across 
the interface and electron backscatter diffraction suggests a single-phase region.  
Analysis of the fracture surfaces from the main weld pool and lower joined region also indicate 
differences in microstructure and failure mode. The main weld pool, consisting primarily of TiFe 
dendrites, is observed to fail in a brittle manner with cracks often following dendrite growth 
directions. The fracture surfaces within the lower joined region, however, show significantly 





modes suggests that the minimization of joint width and the ability to form layers with nearly 
homogenous compositions may be beneficial to joint strength. These specification are considered 
in the development of a new joining process for dissimilar metals, Autogenous Laser Brazing. 
7.4 Autogenous Laser Brazing of Wires 
As described above, the joining of dissimilar metals is hampered by the formation of brittle 
intermetallic phases in regions where the two base materials are mixed. The large intermetallic 
layers significantly reduce the durability of the joints. To address this limitation, a new joining 
process was developed which utilizes a thermal accumulation mechanism to form a highly 
localized joint at the interface between two dissimilar metals to enhance joint strength. The 
formation of joints between NiTi and Stainless steel, both materials which are heavily used in the 
medical device industry, is investigated through compositional, phase, and strength 
characterization.  
The morphology of the joints formed using the autogenous laser brazing process is found to be 
consistent with the intended thermal accumulation mechanism enabled by the high thermal 
resistance at the initial interface prior to joining. The joint width is found to be significantly 
smaller than the applied laser beam. The mechanism of joint formation is further analyzed 
through compositional maps of longitudinal sections of the resultant joints. Compositional 
profiles surrounding the interface observed experimentally are predicted qualitatively through the 
use of a coupled thermal/fluid flow/mass transport numerical simulation. The simulation 
considers fluid flow along the surface of the irradiated wires due to Marangoni convection which 
is based on temperature dependent surface tension in the molten metal pool. The resultant flow 





The formation of intermetallic phases at the interface is confirmed through electron-backscatter 
diffraction. The width of this layer and its uniformity is found to be a strong function of the 
irradiation parameters of laser power and scan speed. The strength of the joints formed through 
the autogenous laser brazing process is found to be exceed the yield strength of the stainless steel 
base material. This results in appreciable plastic deformation occurring within the stainless steel 
prior to fracture at the joint. This indicates significant durability of the joined sample.  
7.5 Autogenous Laser Brazing of Tubes 
The Autogenous Laser Brazing process for wires is further developed and applied to the joining 
of dissimilar metal tubes with applications in medical devices. Due to the lack of a direct 
conduction pathway across the diameter of the tubular specimen, rotation of the samples is 
implemented in order to achieve greater uniformity in the temperature distribution across the 
interface. The resultant joints are analyzed by compositional and phase mapping to provide 
evidence as to the physical mechanisms responsible for joint formation. The tubular samples, 
with their minimal wall thickness, require less thermal input to achieve a uniform, elevated 
temperature at the joining surfaces. This results in the formation of joints which have joint 
widths reaching single micron levels. Compositional scans across the interface show profiles 
indicative of a diffusion-based joining mechanism.  
A 3-dimensional thermal simulation was performed which shows thermal accumulation at the 
interface. The resultant thermal profiles are used as input into a Monte Carlo grain growth 
simulation. The simulated grain size as a function of distance from the joint in the NiTi tube 
shows good agreement with that measured experimentally and validates the simulated thermal 
profile. The phases and microstructure of the joints are analyzed through the use of a combined 





formed at lower laser powers form joints that are a single grain in width. Processing at higher 
laser powers, however, results in joints with multiple grains across the joint width. 
The strength of the joints is closely tied to the joint width with the smaller joints exhibiting 
strengths of nearly 500MPa. Fracture surfaces for the strongest samples indicate failure by a 
quasi-cleavage mechanism. Joints with greater joint widths and lower strengths exhibit a fracture 
morphology indicative of cleavage fracture.  
7.6 Future Work 
The major contributions outlined above, in both the thin film modification and dissimilar metal 
joining processes, form a foundation on which further developments can be based. In terms of 
the thin film processing methods, the results have shown the ability to modify both the 
transformation temperatures and crystallographic texture of the material. While proven effective 
on deposited films, the materials and their properties have yet to be tested in fully functional 
micro-scale devices. Fabrication of devices with free-standing films would enable 
characterization of the advantages provided by the formation of crystallographic texture as well 
as allowing for the measurement of transformation temperature changes over multiple grains.  
While operation in the partial-melting regime for the modification of crystallographic texture 
enables continuous control over its strength, large-scale changes in preferred orientation may be 
better suited to operation in the complete-melting regime. In such a case, nucleation must occur 
on the substrate which, depending on its structure, may be used to impart a preferred 
crystallographic orientation. The use of different barrier layer materials, with different levels of 
crystallinity and different orientations may enable the selection of a specific texture for a 





In the realm of Autogenous Laser Brazing, the work described above focuses primarily on the 
physical description of the joint formation mechanism, the effect of processing parameters on the 
joint morphology, and phase identification within the joints. The work also uses relatively simple 
geometries for joining. One avenue for further work that provides a great deal of scope is the 
application of the Autogenous Laser Brazing process to more complex geometries. This may be 
performed for a number of reasons, the first being to increase the joined area and thus reduce the 
stress within the brittle intermetallic phases, and the second being the application of the process 
to non-circular or non-symmetric joint configurations such as plate-to-plate butt joints. The 
potential of using the Autogenous Laser Brazing process on lap joints may also be investigated. 
While simple in theory, the Autogenous Laser Brazing process is based on the thermal 
accumulation at an interface as a heat source is scanned toward the joint. Modification of the 
joint geometry would require modifications to the scan path, beam geometry, or both and likely 
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This appendix provides a detailed account of the simulations developed during this thesis, their 
use, and the many software scripts used to analyze the resultant data. This appendix is separated 
into sections, each associated with a specific chapter of the thesis. Work associated with the 
modification of transformation temperatures through thermal treatments is located in (\\Chapter 
2), formation of crystallographic texture in (\\Chapter 3), fusion welding in (\\Chapter 4), 
autogenous laser brazing of wires in (\\Chapter 5), and autogenous laser brazing of tubes in 
(\\Chapter 6). Included within these folders are raw experimental data, processed results, 
software scripts, and numerical simulations as well as related publications and manuscripts.  
9.1 Modification of Transformation Temperatures (\\Chapter2) 
Initial samples for annealing were deposited through a sputter deposition method on quartz 
substrates using the AJA sputter system in the Columbia University cleanroom. 
‘SpecimenDeposition.xls’ lists the sample number and deposition parameters used for each 
sample deposited at Columbia. Compositional measurements through EDS are also provided for 
each sample. “MartensiteSurfaceRelief.xls” contains martensitic surface relief lengths as 
measured through DIC optical microscopy for all annealing parameters. 
Raw XRD data is provided in the ‘\\Chapter2\Experimental\XRD’ folder arranged by date. Data 
files are named using the convention ‘BaseSampleNumber_ProcessNumber_AngleRange’. The 
BaseSampleNumber indicates the wafer from which the sample was taken. These use the ‘YXXX’ 
numbering scheme where XXX is a 3-digit number. Samples with such a naming convention 
were prepared by sputter deposition by Professor Ainissa Ramirez at Yale University. The 
ProcessNumber identifies the sample itself and the AngleRange indicates the 2-theta range over 





Nanoindentation data is organized into two sections within the folder 
‘\\Chapter2\Experimental\Nanoindentation’. Basic load-displacement measurements used for 
modulus and hardness data are contained within ‘BasicIndent.xls’. Resultant modulus and 
hardness values are organized by processing parameters (annealing temperature and time) in “E 
and H – Journal.xlsx”. Depth measurements as performed through AFM for depth recovery of 
indentations is found in “Indentation Depth Recovery Journal.xlsx”. Load-displacement curves 
used for dissipated energy calculations are found in 
(\\Chapter2\Experimental\Nanoindentation\Energy). The raw load-displacement curves are 
provided in excel files using the same naming convention described above.  
Four MATLAB scripts are included for analysis of the data. “Dissipated.m” calculates the total 
dissipated energy and the dissipated energy fraction for a provided load (‘y’) and displacement 
(‘x’) set.  “DissipatedEnergy.m” calls “Dissipated.m” for a dataset which includes multiple 
indentation results (typically an array of 9 indentations).  “ResidualDepth.m” and “RRatio.m” 
calculate the average and standard deviation of the residual indentation depth and depth recovery 
ratio, respectively, for the same data. 
9.2 Formation of Crystallographic Texture (\\Chapter3) 
Experimental results and numerical simulations associated with the formation of crystallographic 
texture as described in Chapter 3 of this thesis are included in (\\Chapter3). AFM images are 
provided in \\Chapter3\Experimental\AFM “. A similar naming conventions to that described 
above is utilized where the first section of the name is the sample number and “SPC” indicates 
solid phase crystallization has been performed. EBSD measurements are also included in 
“\\Chapter3\Experimental\EBSD”. Laser processing parameters are described in 





energies requested from the excimer laser system for each sample. Transient Reflectance curves 
measured during the laser processing are included in “\\Chapter3\Experimental\Transient 
Reflectance”.  
The Monte Carlo simulation for prediction of normal textures formed during the laser annealing 
process is provided in “\\Chapter3\Numerical\Monte Carlo”. The two main programs used for 
simulation are ‘gg_isotropic.exe’ and ‘gg.exe’.  The source code for each program is provided in 
‘gg_isotropic.f’ and ‘gg.f’ and are written in Fortran. The input file for the model include 
‘Element.inp’ and ‘Node.inp’ which include the node list for each element in the array and the 
nodal positions, respectively. ‘gg_isotropic’ and ‘gg’ differ in that ‘gg’ includes anisotropic 
surface energy effects. ‘gg_isotropic’ is run first to simulate the initial grain size and distribution 
found in the base material. When ‘gg_isotropic.exe’ is run, it will create three new files, 
‘2dhaz.dat’, ‘orientation.dat’, and ‘2dhazdata.dat’. The program will then ask for three values, 
‘iqmax’ which is the number of separate orientations to model, in this case ‘24’, ‘MCS’ which is 
the number of Monte Carlo steps to simulate (an integer) which should be determined from 
comparison between the simulated and measured initial grain sizes, and ‘ajkt’, the exponential 
term used to determine the probability of transformation. The program will output the total 
number of successful reorientation attempts after each Monte Carlo step is completed.  
When ‘gg_isotropic.exe’ completes, ‘gg.exe’ should be run. This program will open the files that 
‘gg_isotropic.exe’ created to read the initial orientation data. The program will request the same 
three numbers as ‘gg_isotropic.exe’. ‘iqmax’ should be ‘24’, ‘MCS’ should be the number of 
Monte Carlo steps required to simulate solidification as described by the scaling factor analysis 
in Chapter 3 of this thesis. The resultant data can be visualized using the MATLAB script 





positions ‘Node.inp’, ‘tcolor’, the ‘2dhazdata’ file created by the program, and ‘stacks’ which is 
the number of Monte Carlo steps simulated. XRD intensity fraction analysis can be performed 
using the MATLAB script ‘show3d_rev2.m’ which takes as input the same files as 
‘patchchart.m’ plus ‘XRD’, an XRD spectrum for comparison plotting, the number of nodes 
along a model edge ‘numnodes’, and the total number of nodes in the array, ‘totnodes’. 
9.3 Fusion Welding of Dissimilar Metals (\\Chapter4) 
Experimental result and numerical simulations associated with the fusion welding of dissimilar 
metals as described in Chapter 4 of this thesis are included in (\\Chapter4). Compiled XRD 
results from the base materials are included in ‘\\Chapter4\Experimental\XRD\XRD.xlsx’. 
Material characterization results tough EBSD and EDS are included in folders 
‘\\Chapter4\Experimental\EBSD’ and ‘\\Chapter4\Experimental\EDS’. Tensile test results from 
the joined samples are combined in ‘\\Chapter4\Experimental\Tensile Test\UTS.xlsx’.  
Numerical simulation is performed using Thermocalc. The provided compositions as measured 
through EDS are included in ‘\\Chapter4\Numerical\ThermoCalcParameters.xlsx’. The resultant 
phase development curves are provided in 
“\\Chapter4\Numerical\ThermoCalc_PhaseDevelopment.ppt”. The file includes binary phase 
diagrams, isothermal sections of ternary phase diagrams, as well as the phase development 
curves for compositions along the cross-sectioned surface and the fracture surfaces.  
9.4 Autogenous Laser Brazing of Wires (\\Chapter5) 
Experimental results and numerical simulations associated with the autogenous laser brazing 
process as it is applied to NiTi and Stainless Steel wire samples as described in Chapter 5 of this 





are provided in (‘\\Chapter5\Experimental\EDX’) while EBSD results for those same samples 
are included in (‘\\Chapter5\Experimental\EBSD’). Tensile test data, organized as a function of 
laser joining parameters and plotted as a function of laser scan speed and laser power are 
provided in (‘\\Chapter5\Experimental\Tensile Test\Tensile Test Data.xlsx’). Sample numbers 
identify the specific sample used for the analysis as well as the process parameters used for 
preparation. ANOVA analysis is also performed on the data and is included in separate sheets. A 
list of all the sample numbers along with their respective process parameters is included as 
‘ProcessParameters.pdf’. 
A number of different numerical simulations were performed to aid in the understanding of the 
joining mechanisms active during autogenous laser brazing. The simulations files are included in 
(“\\Chapter5\Numerical”). The first model uses ABAQUS to simulate thermal accumulation at 
the interface between the two wires to be joined. The relevant files are included in 
(‘\\Chapter5\Numerical\HeatAccumulation’). ‘Wires.cae’ is an ABAQUS model file which can 
be opened from within the ABAQUS CAE environment. Most relevant simulation parameters 
such as geometry and basic material properties, as well as boundary conditions can be defined 
within this file. ‘Job-4.inp’ is an input file which was written from the CAE file which includes 
all of the information contained within ‘Wires.cae’. The user-defined subroutines used in the 
model include ‘DFLUX’ to define the thermal laser input, ‘GAPCON’ to define the thermal 
conductance across the faying surfaces of the joint, ‘UFIELD’ which allows for the use of a user 
defined field variable for identification of surface melting, ‘USDFLD’ which allows for the use 
of a user defined state variable, and ‘SDVINI’ which initializes the state variable to zero. The gap 
conductance is defined to be a function of whether one of the surfaces has reached its melting 





order for the variable value to be carried over from the previous iteration, the state variable is 
updated. In order to use the user defined field variable, the following code must be added to the 
‘**Predefined Fields’ section of the input file after it is output from the CAE file. 
*INITIAL CONDITIONS, TYPE=SOLUTION, USER 
In addition, the following code must be added to the ‘**LOADS’ section of the input file after it 





The simulation is then run through ABAQUS Command using the command “ABAQUS 
job=Job-4.inp user=subroutines4.for interactive”. Visualization of the thermal profile may be 
performed through ABAQUS CAE. 
Simulation of the fluid flow along the outer surface of the wires due to Marangoni convection is 
performed through COMSOL Multiphysics in 2-dimensions. The relevant model file is included 
in (“\\Chapter5\Numerical\Comsol\MarangoniConvection”).  
‘2DTransient_FluidFlow_Wire.mph’ can be opened through COMSOL Multiphysics, within 
which all relevant model parameters such as geometry, material properties, boundary conditions, 
etc. can be modified. Marangoni convection is simulated using a weak term addition to the 
original fluid flow PDE. The strength and sign of the surface tension effects is controlled through 
varying the variable ‘gamma’. Meshing is performed with bias toward the joint region. The 
multiphysics model includes physics modules for heat transfer, fluid flow, and mass transport.  
Phase prediction is performed through ThermoCalc analysis. Temperature profiles and 





analysis respectively are provided in 
(‘\\Chapter5\Numerical\Thermocalc\TempTimeHistory.xlsx’). The resultant phase development 
curves for the various composition and temperature profile combinations are combined in 
‘ThermoCalc_AutogenousBrazing.ppt’.  
9.5 Autogenous Laser Brazing of Tubes (\\Chapter6) 
Experimental results and numerical simulations associated with the autogenous laser brazing 
process as it is applied to NiTi and Stainless Steel tube samples as described in Chapter 6 of this 
thesis are included in (\\Chapter6). Experimental data are organized in 
(\\Chapter6\Experimental) and include data obtained from EBSD, EDS, Nanoindentation, and 
Tensile testing. A list of sample numbers and their respective process parameters is included in 
‘ProcessParameters.pdf’. A table relating the axial scan speed of the laser and the overlap 
between successive helical loops on the scan path to the rotational speed is provided in 
‘RotaryOverlap.xlsx’.  
Thermal simulation of the helical laser scan path on a 3-dimensional tube structure with 
temperature-dependent thermal conductance across the interface is simulated through ABAQUS. 
Relevant model files are included in (\\Chapter6\Numerical\Abaqus). The job file for ABAQUS 
command is ‘Job-4-h_606_Absorption_0p16.inp’ and should be run with the subroutine file  
‘subroutines7.for’. As described above in Appendix section 8.4, the subroutines file includes 
user defined subroutines ‘DFLUX’, ‘GAPCON’, ‘UFIELD’, ‘SDVINI’, and ‘USDFLD’. The 
simulation should be run using ABAQUS Command using the command: ‘ABAQUS job=Job-4-
h_606_Absorption_0p16.inp user=subroutines7.for interactive’. As before, two lines must be 
added to the input file if it is created directly from the CAE environment. In the ‘**Predefined 





*INITIAL CONDITIONS, TYPE=SOLUTION, USER 
In addition, the following code must be added to the ‘**LOADS’ section of the input file after it 





The resultant temperature time profiles can be output using an Abaqus report and exported to an 
excel file. A sample file is included as ‘h_606_Run2_Absorption_0p16_NodalTempvsTime.xls’. 
The MATLAB script ‘GrainGrowthMobility.m’ takes this data as input and returns the number 
of Monte Carlo steps required to model grain growth for that location based on the mobility 
scaling factor described in Chapter 6 of this thesis.  
Model files used for Monte Carlo simulation of grain growth are included in 
(“\\Chapter6\Numerical\Monte Carlo”) and follow closely the Monte Carlo simulation 
described in section 8.2 of the Appendix above. The main difference is the lack of stacking and 
anisotropic surface energy effects. All simulations are performed with two programs, 
‘gg_isotropic.exe’ and ‘gg_continue_iso_2.exe’. ‘gg_isotropic.exe’ is identical to that described 
in section 8.3 while ‘gg_continue_is_2.exe’ simply allows simulations to be continued from prior 
orientation data to minimize memory use. Visualization of the Monte Carlo results is again 
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